
   

 

 Prof. Dr.-Ing. B. Scholtes        
Herausgeber: Prof. Dr.-Ing. T. Niendorf

kassel
university

press

der

Forschungsberichte
aus dem

Institut für Werkstofftechnik
Metallische Werkstoffe

Electron Beam Melting of Metastable Austenitic Stainless Steel 
Processing – Microstructure – Mechanical Properties

Band 33 Johannes Günther

9 783737 608480

ISBN 978-3-7376-0848-0



Forschungsberichte 
aus dem 

 

 

Institut für Werkstofftechnik 
Metallische Werkstoffe 

 

der 

 

 

 

 

 

 

Herausgeber:  Prof. Dr.-Ing. T. Niendorf 
Prof. Dr.-Ing. B. Scholtes 

 
 

Band 33 

Johannes Günther 

 

Electron Beam Melting 

of Metastable Austenitic Stainless Steel 

Processing – Microstructure – Mechanical Properties  

 

 
kassel

university
press



Forschungsberichte aus dem Institut für Werkstofftechnik - Metallische Werkstoffe 
der Universität Kassel 
Band 33 

Herausgeber: 

Prof. Dr.-Ing. T. Niendorf 
Prof. Dr.-Ing. B. Scholtes 
Institut für Werkstofftechnik 
Metallische Werkstoffe 
Universität Kassel 
Mönchebergstr. 3 
34109 Kassel 
 
 

 
Diese Veröffentlichung – ausgenommen Zitate und anderweitig gekennzeichnete Teile 
– ist unter der Creative-Commons-Lizenz Namensnennung - Weitergabe unter 
gleichen Bedingungen International (CC BY-SA 4.0) lizenziert. 
 
 
 
 
 
 
 
Die vorliegende Arbeit wurde vom Fachbereich Maschinenbau der Universität Kassel 
als Dissertation zur Erlangung des akademischen Grades eines Doktors der 
Ingenieurwissenschaften (Dr.-Ing.) angenommen. 
 
Erster Gutachter:  Prof. Dr.-Ing. T. Niendorf, Universität Kassel 
Zweiter Gutachter:  Prof. Dr.-Ing. H. Biermann, TU Bergakademie Freiberg  
Tag der mündlichen Prüfung: 21. Januar 2020 
 
 
 
Bibliografische Information der Deutschen Nationalbibliothek 
Die Deutsche Nationalbibliothek verzeichnet diese Publikation in der Deutschen 
Nationalbibliografie; detaillierte bibliografische Daten sind im Internet über 
http://dnb.ddb.de abrufbar 
 
Zugl.: Kassel, Univ., Diss.  2020 
ISBN 978-3-7376-0848-0 (print) 
ISBN 978-3-7376-0849-7 (e-book) 
DOI: https://dx.doi.org/doi:10.17170/kobra-202007211477 
 
 
© 2020, kassel university press, Kassel 
http://kup.uni-kassel.de 
 
Druck und Verarbeitung: docupoint GmbH, Barleben 
Printed in Germany 



Vorwort der Herausgeber  

 

Bei einer zunehmenden Verbreitung elektronischer Medien kommt dem 
gedruckten Fachbericht auch weiterhin eine große Bedeutung zu. In der 
vorliegenden Reihe werden deshalb wichtige Forschungsarbeiten präsentiert, 
die am Institut für Werkstofftechnik – Metallische Werkstoffe der Universität 
Kassel gewonnen wurden. Das Institut kommt damit auch – neben der 
Publikationstätigkeit in Fachzeitschriften – seiner Verpflichtung nach, über seine 
Forschungsaktivitäten Rechenschaft abzulegen und die Resultate der 
interessierten Öffentlichkeit kenntlich und nutzbar zu machen.  

 

Allen Institutionen, die durch Sach- und Personalmittel die durchgeführten 
Forschungsarbeiten unterstützen, sei an dieser Stelle verbindlich gedankt.  

 

Kassel, im Juli 2020  

 

Prof. Dr.-Ing. T. Niendorf und Prof. Dr.-Ing. habil. B. Scholtes 



 



Abstract  I 

Abstract 

 

 Electron beam melting (EBM) is a powder-bed based additive manufacturing (AM) process 

suitable for the production complex metallic components. It is based on a layer-wise built-up of 

parts by a successive melting of powder-layers according to the cross-sections provided by a CAD 

design. Compared to other AM technologies it is advantageous in terms of residual stress 

formation, part distortion or cracking in non-weldable alloys due to the elevated process 

temperatures. Moreover, the vacuum atmosphere, demanded for the application of the electron 

beam (EB) as heat source, is beneficial for the fabrication of materials with high chemical reactivity 

or affinity to oxygen. Though, similar to the laser powder-bed fusion AM technologies, EBM is 

confronted with certain drawbacks that could possibly impede further exploitation. Among these 

are, for example, a limited material portfolio or availability of comprehensive closed-loop process 

monitoring systems, which would enhance reliability of the process. Furthermore, certain issues 

regarding the performance of material have to be addressed. This refers to an intrinsic high surface 

roughness, process-induced inhomogeneities and the formation of strong crystallographic textures, 

which potentially have a detrimental effect on mechanical behavior and isotropy of properties, 

respectively. These aspect are comprehensively discussed in a literature review containing several 

results obtained by the author, which contribute to a deeper understanding of the fatigue behavior 

of SLM as well as EBM manufactured Ti-6Al-4V. For the sake of readability and the structure of 

the present dissertation, the main findings of the studies are summarized within the theoretical 

foundations. They are revisited in the results section as they are essential for a comprehension of 

the outstanding characteristics of the investigated alloy. The primary focus of this work is the 

processing – microstructure – property correlation of EBM manufactured high-alloyed austenitic 

CrMnNi stainless steel. Independent of the applied process parameters, to this point this alloy 

exhibits a fine-grained and weak textured microstructure in the as-built state upon EBM processing. 

As detailed in the literature review, this is opposite to numerous alloys like the benchmark 

AISI 316L stainless steel, which are commonly characterized by epitaxial growth of columnar 

grains elongated parallel to building direction. A theory for this unusual observation is presented 

based on a grain refinement due the process-inherent cyclic heat-treatment, i.e. repetitive reheating 

and partial melting of the consolidated material due to the energy input during melting of 

subsequent layers and resulting solid-liquid as well as solid-solid (ferritic bcc to austenitic fcc phase 

and vice versa) phase transformations. A calculation of the phase diagram, differential thermal 



II  Abstract 

analysis and the investigation of the uppermost layers of bulky and thin-walled EBM processed 

structures are conducted to support this assumption. Moreover, the CrMnNi stainless steel 

specimens are characterized by an outstanding damage tolerance, which is demonstrated by tensile 

testing and examination of the fracture surfaces revealing large lack-of-fusion defects due to 

unsuitable process parameters. Combined EBSD and X-ray diffraction analysis attribute the high 

damage tolerance to a pronounced strain hardening and mitigation of the effect of defects due to 

the transformation-induced plasticity (TRIP) effect. The deformation-induced martensitic 

transformation and associated strain hardening has also been correlated to a considerable low-cycle 

fatigue performance even under the presence of large inhomogeneities. 

 The chemical composition of the alloy upon EBM processing is strongly dependent on the 

process parameters, i.e. it is demonstrated that the evaporation rate of Mn varies with the scan 

strategy and volumetric energy density. This phenomenon is utilized for the fabrication of 

homogeneous specimens with different Mn concentrations and resulting mechanical properties. 

These findings are subsequently employed for a prove-of-concept of the possibility to produce 

functionally graded material by a spatial adjustment of the scan strategy throughout the layer-wise 

built-up of objects. This is a novel approach for the synthetization of functionally graded materials 

based on the processing of one homogenous precursor powder feedstock. 

 In summary, the particular CrMnNi stainless steel is introduced as a novel alloy design for 

AM because it addresses current material-related issues inherent in layer-wise technologies and 

potentially further contributes to the exploitation of the full potential of AM. 
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Introduction and Motivation  1 

1. Introduction and Motivation  

 

 Among the range of additive manufacturing (AM) technologies electron beam melting 

(EBM) and selective laser melting (SLM) are powder-bed based processes suitable for the 

fabrication of complex metallic components. Both EBM and SLM are based on the consecutive 

consolidation of fine powder particles in a powder-bed by a high-energy electron- or laser beam, 

respectively, in a layer-wise manner. This particular build-up of a part is different from 

conventional production technologies as casting, forging or machining and provides an 

unprecedented freedom in design and related lightweight potential making EBM and SLM 

promising candidates to address current issues regarding resource, material and energy efficient 

production as well as responsibility regarding economical and sustainability issues [1–7]. 

 

 Due to an recently immense academic and industrial interest the technology evolved 

significantly [8], exceeded the status of Rapid-Prototyping and currently comprises a spectrum of 

technologies with wide-ranging industrial applications. Furthermore, AM allows for a novel 

perspective of re-thinking general production technology, supply chain and spare part management 

[9–13]. The flexible production of individual products and the possibility to manufacture 

customized components, optimized to external loading scenarios, make these technologies very 

interesting for the aerospace [14] as well as biomedical industries [15]. Since no expensive tools 

or molds are required they are also very interesting for the processing of alloys that are hard to cast 

or machine (for example due to high tool wear rates) like Ti-6Al-4V, which is among the most 

commonly used materials in AM [16,17]. 

 

 However, these technologies currently are subjected to numerous critical challenges that have 

to be overcome to enable further maturation. The major issues regarding the powder-bed based 

processes are the constrained part sizes due to restrictions of the build envelope of currently 

available machines as well as the limited productivity which makes these technologies specifically 

interesting for low volume productions. Furthermore, essential improvements of the machines that 

are currently under investigation have to be incorporated to industrial standard. In order to obtain 

increased reliability, reproducibility and quality assurance, various in-situ process monitoring 

systems have been examined like high-speed [18] or thermography cameras [19] and detectors that 

capture secondary and back-scattered electrons during the EBM layer melting and, thus, allow for 
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the observation of flaw formation, delamination or residual stress induced distortion [20]. These 

have to be available at a closed-loop feedback standard, which enables real-time adjustments of the 

entire scan strategy and a significant reduction of production rejects. 

 

 Moreover, several material-related challenges arise from the complex powder-bed based 

processes. Generally, materials and alloys currently utilized for AM have been originally designed 

for conventional processing technologies and do not meet the requirements and intricate 

characteristics of the EBM or SLM process like the high solidification velocity, steep thermal 

gradients and non-equilibrium solidification conditions. As aforementioned, the present selection 

of processable and industrially available metallic materials is limited and the alloys frequently are 

affected by two major factors that will be paramount in the presented work as comprehensively 

described in sections 2.2.1 and 2.2.2, (i) Evolution of strong crystallographic textures, columnar 

grains and concomitantly highly anisotropic mechanical behavior, which will be extensively 

discussed in the remainder; (ii) Process-inherent defects and rough surface, both significantly 

deteriorating fatigue properties of AM components posing critical limitations with regard to the 

application of safety critical parts subjected to cyclic loading scenarios. The surface features also 

require elaborate post-processing for functional or tribologically stressed surfaces. Some important 

aspects about the drawbacks in AM, as summarized in the comprehensive literature review, 

comprise a significant amount of investigations and knowledge about this topic that has been 

obtained and published by the current author. These studies mainly contribute to an improved 

understanding of the fatigue behavior of EBM and SLM processed Ti-6Al-4V in the very high-

cycle fatigue regime as well as under the competitive impact of surface roughness and internal 

porosity. However, the sake of readability and the central structure of the dissertation, this 

contribution is incorporated in the literature review and not the results section. 

 

 Due to these crucial issues, the development and formulation of novel alloys, meeting the 

specific requirement as derived by the comprehensive literature review in section 2, is one of the 

major challenges in AM. Recent developments addressing this topic focus, for example, on the 

alteration of the chemical composition of established alloys, the processing of powder blends 

(including nano-scale particles) or a more fundamental approach by tailoring alloys in terms of 

considering temperature dependent phase distribution and microstructure constituents (cf. section 

2.2.2). 
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 The objective of the present dissertation consequently is to contribute to the development and 

definition of requirements to new alloy designs for AM. In this context, first results on the 

EBM processing – microstructure – mechanical properties relationships on a high-alloyed 

austenitic CrMnNi steel are presented. It is demonstrated that the particular alloy is very suitable 

to address the aforementioned challenges in powder-bed based processes because it exhibits a 

weak-textured, almost equiaxed microstructure and correspondingly nearly isotropic mechanical 

properties upon EBM processing. Currently, all findings confirm that this is almost independent of 

the applied range of process parameters which contribute to a more reliable, reproducible and 

robust additive manufacturing. An explanation for this exceptional characteristic is provided, 

which is supported by differential thermal analysis, the predictions of prevalent phases by a 

calculated phase diagram as well as the investigation of thin-walled structures. This in particular 

enabled the observation of the microstructure evolution in a specimen that does not experience 

identical processing conditions compared to bulky parts. 

 It is further revealed that the material is characterized by an outstanding damage tolerance, 

which is verified for quasi-static tensile tests as well as low-cycle fatigue loading. This behavior is 

discussed based on the deformation-induced phase transformations mitigating the impact of 

process-induced defects. The microstructure of tensile and fatigue specimens is examined by means 

of SEM, EBSD and XRD to determine prevalent phases in the as-built condition as well as upon 

tensile of cyclic deformation. 

 Moreover, it is demonstrated that it is principally possible to purposefully adjust the amount 

of alloying element evaporation by an adaption of the scan strategy. In this work, a preliminary 

correlation between the process parameters and the resulting Mn concentration upon EBM 

processing is discussed. Even though several questions remain unsolved, this is a suitable approach 

for the fabrication of parts with variations in chemical composition and, hence, resulting 

mechanical properties from one precursor powder feedstock. Subsequently, it is shown that the 

main findings acquired for presumably homogeneous specimens can be basically transferred to the 

manufacturing of chemically graded structures. This is a step towards an enhanced exploitation of 

the process-inherent degree of freedom in terms of fabrication of functionally graded alloys with 

varying chemical composition and, thus, mechanical properties from one homogeneous precursor 

powder feedstock.  
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2. Literature Review and Theoretical Foundations 

 

2.1. Fundamentals of Additive Manufacturing and Electron Beam Melting 

 

 The following section gives an introduction and overview of the electron beam melting 

(EBM) process in terms of classification, general machine configuration, sequences during 

operation and processing as well as a description of the default and simplified applied scan 

strategies. 

 

2.1.1. Classification of Electron Beam Melting 

 

 Generally, electron beam melting (EBM) is an additive manufacturing (AM) technology that 

is very similar to selective laser melting (SLM, also designated as Direct Metal Laser Sintering or 

Laser Metal Fusion). As can be deduced from the schematic classification of AM technologies in 

Fig. 2.1 both SLM and EBM are powder-bed based processes for the production of metallic parts 

[21–24]. Other AM technologies based on powder material are so-called free-form fabrication 

processes like Laser Metal Deposition (LMD) [25]. 

 

 
Figure 2.1 General classification of AM technologies based on precursor material and deposition strategy. 

 

 The precursor powder feedstock usually is produced by gas atomization since this provides 

spherical powder particles (necessary for deposition of uniform powder layers) and is less 

expensive than plasma atomized powders [26]. The average particle size distribution is usually 



Literature Review and Theoretical Foundations  5 

larger for EBM (approximately 45 – 105 μm) compared to SLM (depending on material between 

10 – 63 μm) due to historic safety issues whilst powder handling (e.g. [27,28]). 

 

2.1.2. Electron Beam Melting Machine Configuration - the Arcam A2X 

 

 Fig. 2.2 shows the A2X (Arcam AB, Sweden) EBM  machine as well as the main subsystems, 

i.e. a schematic layout of the electron beam (EB) column and a photograph of the actual build 

chamber (cf. also [25,29–35]). Other important systems are the control units and the high-voltage 

supply.  

 In the top column the EB is generated, the A2X is equipped with a W3%Re filament, the new 

generation of machines use LaB6/CeB6 single crystals. The electrons are accelerated by an electric 

field, the acceleration voltage UA is set to a constant value of 60 kV. The maximum power of the 

machine is 3.000 W at a maximum beam current IB of 50 mA. Subsequently, the beam is shaped, 

focused and deflected by electromagnetic lenses allowing for very fast scan speeds in contrast to 

the laser beam that is usually deflected by galvanometric mirrors (e.g. [36,37]). 

 
Figure 2.2 Arcam AB A2X EBM machine (available at [38]) configuration with schematic illustration of the EB 

column and photograph of build chamber. 
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 The EBM process has to be conducted under a vacuum atmosphere. This is necessary to 

avoid an impairment of the EB quality due to interactions with air molecules and moreover, to 

avoid oxidation and significant reduction of the lifetime of the heated filament [39,40]. However, 

this has a positive effect since it effectively reduces the contamination of powder and bulk material 

with oxygen. This is particularly essential during processing of alloys with high affinity to oxygen 

(e.g. Titanium-Aluminides, Aluminum alloys) because it can have an impact on thermophysical 

properties as well as phase stabilities. At this point a vacuum atmosphere is much more effective 

than the utilization of inert gas as it is standard for SLM (cf. [25,31,34,41,42]). 

 The main units within the build chamber are the hoppers which store the powder, the rake 

system for powder distribution, the vertically movable build plate on which the first powder layer 

is deposited and the sensors that register the amount of raked powder. The build chamber not only 

has to withstand the high temperatures, the stresses imposed by the processing under vacuum 

atmosphere but moreover has to protect the operator against X-rays that are generated during EB-

powder-interaction. 

 

2.1.3. Process Steps and Process Parameters in Electron Beam Melting 

 

 The EBM process from the virtual model to the actual part comprises three main steps which 

are schematically shown in Fig.2.3.  

 
Figure 2.3 Schematic illustration of the main process steps in EBM additive manufacturing, a) pre-processing and build 

preparation, b) the main process steps during build-up of the part by EBM and c) the finished physical part. 
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 Similar to all AM technologies the first step (cf. Fig. 2.3 (a)) is the pre-processing, i.e. the 

preparation of a CAD (Computer Aided Design) model of the part that is virtually sliced (not 

shown) into the layers that are later build inside the AM machine. 

 The actual build-up of the part by EBM comprises the following four steps (cf. Fig. 2.3 (b)), 

(i) Spreading of a thin powder layer according to the set layer thickness of the CAD model; (ii) 

Preheating of the entire powder-bed using a strongly defocused EB; (iii) Melting of the cross-

section of the part using a focused EB; (iv) Lowering the substrate plate according to a single layer 

thickness. These steps are repeated until every layer of the component is consolidated and the 

finished part can be removed from the machine. Subsequently, further post-treatment can be 

necessary which includes heat-treatment, surface finish (surface roughness removal) and powder 

removal. This is potentially difficult upon EBM fabrication because the powder surrounding the 

parts is sintered and the removal from internal channels, cellular structures and hardly accessible 

sites requires additional effort (e.g. [43–45]). 

 However, this preheating process step (which is not part of the SLM process) is necessary in 

order to avoid the so-called powder-blasting, i.e. since the EB does not only transfer energy but 

also electrical charge, powder can be ejected from the bed if repulsive electrostatic forces are higher 

than forces holding particles to the powder-bed [40,46–48]. Therefore, prior to contour melting 

with high local energy input the powder-bed is scanned with a diffuse beam to slightly sinter the 

powder layer and increase electrical conductivity. Fig. 2.4 shows a high-speed recording of a 

powder-blasting event, i.e. sudden spreading of the entire powder layer of AISI H11 material. The 

issue associated to these powder-blasting events is the negative effect on part quality and the 

deposition of subsequent layers, eventually resulting in process termination [47,49]. The 

susceptibility for powder-blasting events depends among others on the material, the size and 

grounding of the substrate plate and the preheating conditions. Kahnert et al. [49] presented an 

estimation of the contribution of these factors on the powder-blasting probability. However, it has 

to be noted that the presintering step does not significantly change the morphology of the powder 

particles that can be recycled after post-processing blasting and sieving steps [50]. 
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Figure 2.4 High-speed imaging of a powder-blasting event caused by electrostatic charging of the powder-bed; 

a) evenly spread powder, b) EB-powder interaction, c) cloud of powder, i.e. bulk displacement of particles through the 

build chamber (recompiled from [49]). 

 

 The way to consolidate the material of the actual part by melting of the contour given by the 

CAD model can be manifold and is generally described as scan strategy. The term scan strategy 

designates the spatial and temporal input of energy, i.e. the way the respective cross section of the 

part is exposed and consolidated by the EB and the path that the heat source follows (e.g. [37,51]). 

This includes the following relevant process parameters: 

 Beam Current IB 

 Acceleration Voltage UA 

 Scan Speed (Deflection speed of the EB) VS 

 Focal Plane or Focus Offset (in EBM software given in mA) 

 Hatch l, i.e. the distance between adjacent scan tracks 

 Layer Thickness t 

 Scan Length s, i.e. the distance between two turning points of the EB 

 Scan Direction or Scan Rotation, respectively, during subsequent layers (cf. Fig. 2.5) 

 Line Order, i.e. the sequence in which the scan tracks are exposed (mainly significant 

during the preheating step, recent investigations revealed the impact on microstructure 

evolution, heat accumulation and dimensional accuracy for EBM processed CoCr alloy 

[52]). 
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Figure 2.5 Schematic illustration of the scan strategy for two subsequent arbitrary layers of a simple rectangular 

geometry with 90° scan rotation; indicated are (i) hatch distance, (ii) single scan track with certain length, (iii) contour 

of CAD file and (iv) multi-spot melted contour region of the part. 

 

 In EBM a twofold scan strategy is usually applied, i.e. firstly the contour of the part is melted 

point-wise in the so-called multi-spot mode (up to 40 melt pools can be exposed simultaneously) 

known from EB welding and which intentionally yields benefits regarding part surface quality and 

process time [53]. Subsequently, the inner volume of the part (except for very thin features or struts, 

e.g. of lattice structures) is scanned in a meander shaped manner. The scan direction is rotated 

sequentially each layers (cf. Fig. 2.5) in order to avoid the formation of certain crystallographic 

textures observed when melting unidirectional or without a respective rotation of scan direction in 

subsequent layers [34,54,55].  

 As can be deduced from Fig. 2.6 the process parameters have a significant impact on the top-

surface and, thus, overall part quality (the impact on microstructure and solidification conditions 

is discussed in section 2.2.2). Fig. 2.6 (b) shows an example of a simple geometry that has been 

melted with appropriate parameters, i.e. the top-surface is smooth and even. 

 
Figure 2.6 Impact of process parameters on top-surface quality of simple cubic parts of CrMnNi stainless steel showing 

a) overmelting, i.e. excess energy input, b) even, smooth surface, c) porous surface and d) uneven, irregular surface. 

 

 In contrast, Fig. 2.6 (a) shows a geometry that has been melted with excessive energy input 

causing a rather poor surface quality due to material displacement and accumulation [31,56]. 
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Further increase in energy can also lead to so-called keyhole defects that are not further considered 

here [57]. Contrarily, the part in Fig. 2.6 (c) has been melted with too low energy input, i.e. the 

material is poorly consolidated which results in a significant amount of residual porosity and 

unmelted powder particles (further discussion on process-induced flaws in section 2.2.1) [58–61]. 

The specimen in Fig. 2 (d) has been melted with unsuitably high scan speed of 21.000 mms-1. This 

results in irregular surfaces and instable melt pool behavior as discussed in the remainder.  

 

 However, melting of actual components in EBM is much more complicated and does not 

necessarily work with static beam parameters, i.e. constant IB and VS as in the example of Fig. 2.6. 

More complex designed components also feature complex shaped cross-sections that require 

respective adjustments according to given boundary conditions. Generally, hatch melting with 

meander shaped scan strategy in EBM can cause problems during processing regarding 

overmelting, insufficient consolidation, part deformation or warping, respectively, due to residual 

stress (RS) formation and intricate thermal conditions. Therefore, the default process parameters 

as provided by the machine manufacturer feature comprehensive functions for automatic adaptions 

of the beam settings for example when: 

(i) The scan length varies significantly within one layer or across several layers while 

melting cross-section of components; 

(ii) The scan speed has to be increased at the edge of each scan track to avoid local heat 

accumulation at the turning points of the EB; 

(iii) The part features negative surfaces or even straight overhanging sections where large 

differences in thermal conductivity prevail possibly yielding significant heat 

accumulations (demonstrated in Fig. 2.8). 

 

 The standard parameters as provided by the machine manufacturer address these issues by 

introducing several automatic functions, i.e. the thickness function [62], turning point function [63] 

and the so-called speed function (SF) [25,64–74]. The SF is generally a relationship between the 

beam current IB (automatically calculated and increasing with increasing scan length to a fixed 

maximum value) and the scan speed Vs (the actually increased line energy EL is compensated by 

an increase of VS). Exemplarily, Fig. 2.7 shows the non-linear relationship between IB and VS for 

5 arbitrary SF values [70]. 
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 The SF was originally intended to maintain a constant melt pool depth and homogeneous 

temperature distribution over the entire layer (i.e. the 2D area) and good interlayer bonding for 

generic geometrically complex parts. The intrinsic problem of melting of constantly varying scan 

lengths can be understood when considering the so-called return time (tr) and thus, thermal 

conditions regarding temporal heat input and dissipation by conduction. Due to the overlap which 

is necessary for sufficient powder consolidation, adjacent scan tracks of the meander shaped scan 

pattern significantly thermally influence each other [75]. Hence, tr varies with scan length and scan 

speed and determines the maximum temperature within the melt pool because it determines the 

time for heat dissipation by conduction upon exposure of one scan track before melting of the 

subsequent track. Thus, the utilization of static beam setting would consequently yield significant 

heat accumulation or porosity formation due to insufficient heat input with decreasing or increasing 

scan length, respectively. 

 

 
Figure 2.7 Automatic variation of scan speed depending on beam current for exemplary SF values (from [70]). 

 

 For a simplified exemplary geometry as shown in Fig. 2.6, i.e. a cube with constant scan 

lengths melted with a constant VS, the mean return time tr (consequently valid for the center of an 

arbitrary scan track and the thermal effect of the subsequently melted track) can be calculated 

according to  (s designates the scan length). Furthermore, this allows for the 

calculation of the so-called thermal diffusion length lth according to , with  

representing the thermal diffusivity of the material, which itself is dependent on thermal 

conductivity, density and heat capacity [76–80]. As demonstrated by Helmer et al. [81,82] the 

characteristic length lth is an appropriate value for the assessment of heat dissipation through 
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conduction and, hence, the mutual interaction of adjacent scan tracks. Moreover, it allows for the 

derivation of a process window from which a suitable area energy EA or volume energy Evol (cf. 

section 4.2) as function of lth for the manufacturing of complex shaped good-quality parts can be 

deduced (cf. also [83] and section 4.2). 

 

 The purpose of the turning point function is relatively similar to the SF. It automatically 

accelerates VS for a reduction of EL near the edges of the part in order to avoid heat accumulation 

and distortion. The thickness function has been introduced in order to automatically adjust the beam 

parameters during melting of negative surfaces or overhanging areas.  

 

 
Figure 2.8 a) Schematic part with overhang and indicated temperature gradient over cross-section, b) Ti64 component 

exhibiting warping in the overhanging area due to insufficient scan strategy and inappropriate support structures. 

 

 Fig. 2.8 (a) shows a sketch of a simple part with large overhang. The intrinsic problem during 

melting of such geometries in powder-bed based AM processes is the formation of significant 

thermally induced RS due to a large temperature gradient as schematically indicated by dT/dx. The 

origin of this gradient is the substantial difference in thermal conductivity (indicated by dQ/dt) 

between the powder-bed and the already consolidated material (e.g. [84]). Thus, upon melting of a 

layer with overhanging areas the introduced heat is dissipated differently and significant 

accumulations can occur that potentially result in considerable distortion and warping of the part 

[31,34,64,67,85–89]. Besides the automatic reduction of EL as imposed by the thickness function 

in overhanging areas that intentionally homogenizes temperature distribution, the generation of so-

called support structures can be effective to avoid part deformation. Supports as solid structures 
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increase thermal conductivity below negative surfaces and can be an appropriate approach for the 

elimination of heat accumulations [90,91]. Fig. 2.8 (b) shows a component made of Ti64 alloy 

manufactured by EBM using standard parameters, i.e. with active automatic functions, that 

demonstrates warping (marked by black arrows) at the edges of the larger overhanging sections 

(part built vertically as depicted). Noticeably, deformation occurs also due to insufficient or 

inappropriate positioning of supports. 

 

 However, it is not entirely comprehensible how the automatic functions, i.e. speed-, 

thickness- and turning point function calculate the beam settings, how they interact and in which 

hierarchical sequence adjustments dependent on the respective cross-section of the exposed 

component are implemented (e.g. [46,70]). Therefore, all experiments in the present work were 

conducted with automatic functions disabled, as this allows for an accurate and transparent 

derivation of process-microstructure-properties correlations. Besides static beam setting the 

examination on the impact of process parameters on the microstructure evolution and mechanical 

behavior is usually performed on specimens that were machined from more simple shaped 

geometries like cuboids. These can be melted with constant scan lengths and, thus, similar thermal 

conditions in terms of mutual interaction of adjacent scan tracks. 
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2.2. Material-related Challenges in Additive Manufacturing 

 

 Generally, the powder-bed based AM processes SLM as well as EBM provide a vast freedom 

in design which generates huge expectations regarding progression in production of bionic and 

advanced lightweight structures. However, despite considerable research effort, for further 

exploitation of the advantages of these technologies various challenges have to be addressed. This 

includes needs for standardization, qualification (e.g. [92]), knowledge transfer (e.g. [93]), machine 

and part size limitation and productivity, in-situ monitoring and metrology to guarantee for 

reliability and reproducibility [94]. Moreover, the currently available portfolio of qualified metallic 

materials is still limited and the development of alloy designs made for the specific requirements 

in AM will prospectively be shifted even more into the focus of research (cf. [93,95] and section 

2.2.2). 

 The SLM and EBM processes are characterized by distinct conditions that diverge 

significantly from conventional manufacturing routes like casting, forging or subtractive 

techniques. The powder-bed fusion methods can be generally considered as non-equilibrium 

processes, which results from a highly localized heat input, small melt pools, characteristic 

segregations, directed heat conduction, steep thermal gradients (G) and high solidification 

velocities (R, i.e. the velocity of the solid-liquid interface). This in summary yields distinct 

solidification conditions, e.g. in terms of presence of metastable phases and precipitation kinetics 

[19,25,31,34,74,96–103]. Also it has been reported for a variety of SLM processed alloys that these 

are characterized by a hierarchical microstructure, i.e. sub-grains and low-angle grain boundaries 

that form due to the segregation of particular alloying elements or certain dislocation configurations 

potentially induced by thermal strains and lowered yield strengths at elevated temperatures [104–

111]. 

 One of the main issues arising from the specific process characteristics is the potential 

formation of residual stresses (RS) arising from high thermal or transformation strains since these 

can significantly affect static and cyclic mechanical response of AM fabricated components. It can 

cause part deformation (i.e. diminished accuracy, also referred to as warping, cf. previous section) 

as well as delamination and cracking [112]. RS evolution depends on the material [113], the 

geometry (e.g. [114,115]), the scan strategy [69,116–118] and the build temperature (refers to 

temperature of the substrate plate as well as the powder-bed) [69,85,86,119–132]. Higher build 

temperatures reduce thermal gradients between melt pool, surrounding material and powder-bed 
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[133,134], decreases solidification velocity and, thus, has a beneficial effect on reduced RS 

formation. Hence, preheating of the substrate plate has almost become standard for SLM 

processing , e.g. for the production of materials like tool steels that are prone to cracking due to 

thermal as well as transformation strains [108,135–137]. 

 Consequently, EBM parts are usually characterized by lower RS than SLM parts due to the 

additional preheating step, i.e. the presintering of each powder layer prior to melting (cf. previous 

section). This yields a high temperature throughout the entire height of the powder-bed and is not 

limited to the heating of the substrate plate. Therefore, it has a positive effect regarding 

minimization of RS accumulation and, thus, even enables the processing of highly cracking 

susceptible alloys like titanium aluminides (e.g. [138,139]). However, precise information about 

the temperature values and distribution cannot be obtained directly within the default machine 

setup due to insufficient accessibility. Data about the temperature currently can only be acquired 

by a thermocouple that is attached to the lower side of the substrate plate. Though, according to 

Sames et al. [140] this can be treated as a good approximation of the temperature within the build 

envelope. Exemplarily, Fig. 2.9 (a) shows the temperature-time history for the build shown in (b), 

which comprised an array of 25 cylindrical specimens with a height of 75 mm and a diameter of 

20 mm that were EBM fabricated using the default processing parameters. As can be seen, the 

substrate plate (dimension of 170 × 170 mm² corresponds to a preheated area of 160 × 160 mm², 

thickness is 10 mm) is heated to 730 °C before layer melting starts (indicated by (i) in Fig. 2.9 (a)). 

The temperature of the plate subsequently drops quite rapid during melting of the very first layers 

due to high heat losses by radiation when few powder is covering it. Oppositely, the temperature 

is kept relatively constant during build-up of subsequent layers, which is related to the insulating 

effect of the powder-bed. 
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Figure 2.9 a) Temperature-time regime during EBM processing of cylindrical Ti64 specimens with a height of 75 mm 

arranged as shown in (b) on a 170 × 170 mm² plate; (i) and (ii) designate the start and end of layer melting, respectively. 

 

 Upon melting the last layer (indicated by (ii) in Fig. 2.9 (a)) the machine still needs a certain 

time to cool down to ambient temperature (cf. [141]). Here it is important to note that the built parts 

also remain at high temperatures during this interval. The temperature of the build envelope is 

usually material dependent and even higher for IN718 and titanium aluminide alloys compared to 

Ti64. The increased temperatures (up to approximately 1.000 °C for IN718, cf. [102,129,140,142]) 

also yield increased cooling periods that can easily exceed 24 hours, depending on the build setup. 

This intrinsic long-term annealing heat-treatment [143], i.e. not the thermal cycling due to repeated 

heat input whilst layer melting but the time at high temperatures, has a significant impact on the 

precipitation state. This means that fraction, distribution, morphology and size of precipitations can 

vary considerably depending on geometry and build height, i.e. dwell time at elevated temperatures 

which deviates for the first and the uppermost layers of a build. In case of IN718 this means a 

heterogeneous distribution of the strengthening ’ phase (Ni3(Al,Ti,Nb)), the primary strengthening 

’’ phase (Ni3Nb) with D022 ordered structure and the D0a  phase which is undesired and evolves 

from the ’’ phase during long-term exposure to high temperatures. IN718 usually exhibits 

balanced mechanical properties and creep resistance up to the intermediate temperature range of 

650 – 700 °C, which is significantly deteriorated with the evolution of  phase [25,140,144–146]. 

Consequently, Kirka et al. [144] demonstrated a high vertical gradient in tensile behavior with 

decreasing properties, i.e. reduced ultimate tensile strength (UTS) as well as total elongation ( t), 

with increasing distance to the last layer of the build. Upon SLM processing, the presence of Laves 
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phase (enhanced by segregation of elements like Nb) as well as TiN and NbC has also been 

reported, so that in summary elaborate post-processing heat-treatments can be required in order to 

obtain homogeneous and adequate mechanical properties [106,147–150]. 

 

 Besides the aforementioned issues there are two further concerns that significantly affect the 

performance of AM processed material and which are therefore detailed in the following sections, 

i.e. the detrimental influence of process-induced internal and surface defects (including the inherent 

surface roughness) as well as the robust and reliable microstructure control that further determines 

deformation behavior.  
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2.2.1. Impact of Defects and Surface Roughness on Fatigue Properties 

 

 The powder-bed based AM processes SLM and EBM have recently gained vast academic 

and industrial interest generating significant progress in terms of system technology and 

understanding of material-related topics. However, regarding current application within aerospace 

and biomedical industries as well as an expansion of the applicability of AM technologies to further 

segments, crucial topics in terms of reliability and durability of additively processed components 

have to be addressed. It is comprehensively reported that AM parts have equal or even superior 

static mechanical properties compared to the conventionally processed, i.e. cast or wrought, 

counterparts [22,151]. Though, despite the remarkable progress in process and parameter 

optimization the fabrication of fully dense objects has not been achieved yet [152]. Thus, 

discontinuities, voids and the process-inherent surface roughness yield an uncertainty and variance 

of the fatigue properties of AM parts and a comprehensive understanding is essential for the 

application as structural load bearing components. The uncertainty arises from numerous 

influences that have a significant impact on part density and surface structure, which are (i) the 

characteristics of the powder feedstock and the stochastic deposition, (ii) the employed machine 

(valid for EBM and SLM, including the control software, process parameters, scan strategy and 

melting sequence), (iii) the geometry of the part as well as the arrangement and orientations of 

parts within the build envelope [35,152–156]. That means that mechanical properties can 

significantly fluctuate even upon additive processing employing identical machine types and 

precursor powder materials. Certain aspects of the presence of inhomogeneities, pores and site-

specific surface characteristics and the potentially detrimental impact on the fatigue performance 

will be comprehensively elucidated in the remainder of this section.  

 The aforementioned factors also affect microstructure evolution as described in the following 

section. The microstructure can potentially have an influence on the cyclic material behavior, e.g. 

it has been demonstrated that the formation of large columnar grains has an influence on fatigue 

crack propagation and crack deflection [153,157,158]. An anisotropic fatigue performance can also 

be based on crystallographic textures and associated orientation dependent elastic moduli. It has 

been reported by Kirka et al [159] for LCF testing of EBM IN718 that this affects the cyclic stress 

amplitude and number of cycles to failure, i.e. highly textured material tested with load direction 

parallel to BD showed superior fatigue performance compared to equiaxed material and textured 

material tested perpendicular to BD under strain controlled conditions. Wegener et al. [160] 
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obtained consistent results by comparing EBM IN718 to SLM counterparts that showed increased 

stress amplitude and shorter fatigue lives due to a weaker texture with respect to BD. For certain 

SLM processed alloys the formation of a hierarchical microstructure and the presence of sub-grains 

is reported [104,111] (cf. also following section), which can result in monotonic and cyclic 

properties superior to wrought benchmark material. 

 However, the fatigue properties of AM components are usually determined by process-

induced inhomogeneities and the inherent surface roughness, which will be further explained in 

detail. The focus will firstly be drawn on the impact on porosity and lack-of-fusion defects, 

including their size and location, and subsequently be shifted to the influence of surface 

characteristics, spatial variations and approaches for fatigue life estimation under presence of both 

types of defects. It has to be noted that several aspects in this literature review have been obtained 

and published in comprehensive examinations conducted by the current author. In the following 

studies, contributions to the closing of crucial gaps in knowledge about the fatigue behavior of 

EBM and SLM processed materials are provided. 

 

(i) J. Günther, D. Krewerth, T. Lippmann, S. Leuders, T. Tröster, A. Weidner, 

H. Biermann, T. Niendorf, Fatigue life of additively manufactured Ti–6Al–4V in the 

very high cycle fatigue regime, Int. J. Fatigue 94 (2017) 236-245; [120] 

(ii) J. Günther, S. Leuders, T. Tröster, A. Weidner, H. Biermann, T. Niendorf, Fatigue 

behavior of Ti-6Al-4V additively manufactured by selective laser and electron beam 

melting – On the impact of the chemical composition, process-induced porosity and 

surface roughness, in: Berichtsband 2. Tag. DVM-Arbeitskreises Additiv Gefertigte 

Bauteile und Strukturen., Berlin, 2017: pp. 89–98; [161] 

(iii) J. Günther, S. Leuders, P. Koppa, T. Tröster, S. Henkel, H. Biermann, T. Niendorf, On 

the effect of internal channels and surface roughness on the high-cycle fatigue 

performance of Ti-6Al-4V processed by SLM, Mater. Des. 143 (2018) 1–11; [162] 

(iv) T. Wegener, J. Günther, F. Brenne, T. Niendorf, Role of post fabrication heat treatment 

on the low-cycle fatigue behavior of electron beam melted Inconel 718 superalloy, 

ASTM Sel. Tech. Pap. (2018), accepted. [160]. 

 

 Fundamental work is presented that addresses the fatigue behavior of AM Ti64 up to the 

very-high-cycle fatigue regime and the impact of defects regarding their origin, size and location. 
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Furthermore, from the investigation of SLM processed Ti64 specimens containing internal 

channels, basic conclusion on the competing crack initiation on features of the rough surface and 

process-induced defects can be drawn. These contributions are discussed in the context of 

international literature on the possibilities for fatigue performance increase as well as approaches 

for the fracture mechanics based prediction of fatigue lives. Due to the central structure of the 

dissertation, this contribution is incorporated in the literature review and not the results section, 

where it is revisited and essential for a discussion and classification of the characteristics and 

properties of EBM processed CrMnNi austenitic stainless steel. 

 

Fatigue behavior under presence of process-induced defects 

 

 Numerous studies focused on the fatigue behavior of additively manufactured materials - 

mainly Ti64 but recently also more intensified on IN718, Al-alloys and steels - and consistently 

reported that EBM as well as SLM specimens are inevitably characterized by microstructural 

inhomogeneities, voids and binding faults. The main discontinuities for both processes are (i) gas 

induced porosity and (ii) the so-called lack-of-fusion (LoF) flaws. Both types of defects act as stress 

raisers and crack initiation site leading to premature failure and a noticeable reduction of fatigue 

lives [120,161,163–178]. 

 Fig. 2.10 displays the S-N-curve of additively and conventionally processed Ti64 

(recompiled from [179,180]) as obtained from uniaxial ultrasonic fatigue testing at frequencies of 

approximately 19 kHz and a stress ratio  (for details see [120]). The EBM specimens were 

tested in as-built condition, the SLM specimens were either stress-relieve heat-treated for 2h at 800 

°C or hot-isostatic pressed (HIP). Stress relieve heat-treatment is usually conducted for SLM 

processed Ti64 in order to minimize process-induced RS that are significantly lower for EBM 

material due to the high process temperatures [119,171]. The HIP treatment comprises annealing 

at 920 °C for 2h in 1.000 bar Argon atmosphere and is performed in order to reduce the size of 

internal porosity. The runout limit has been set to 3×109 cycles, however, runouts are not shown 

for the sake of clarity. The specimens were machined from initially built cylinders and 

subsequently polished, i.e. the impact of surface roughness is avoided. 

 Firstly, it can be derived from Fig. 2.10 that SLM and EBM processed Ti64 does not exhibit 

a conventional fatigue limit, i.e. specimens failed even at low stress amplitudes below 300 MPa 

and beyond 109 loading cycles [120]. This can be attributed to the crack initiation on either gas 
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porosity or LoF defects as are exemplarily depicted in Fig. 2.12 (a) and (b), respectively, showing 

representative results of fractographic investigations.  

 

 
 

Figure 2.10 S-N-curves for EBM as-built, SLM heat-treated, SLM HIP-treated and conventionally processed Ti64 

(recompiled from [179,180]), respectively, as obtained from ultrasonic fatigue testing [120]. 

 

 The gas pores are characterized by a spherical shape whereas the LoF voids possess an 

irregular shape. The origin of the gas pores is consistently noted to be the initial precursor powder 

material that contains entrapped gas as remainder from the gas atomization process [59,60,63,181]. 

Fig. 2.11 shows an exemplary optical micrograph of the cross-section of gas-atomized Ti64 powder 

in the EBM fraction revealing numerous particles enclosing gas bubbles. Due to high cooling rates 

and convections in the liquid phase, these pores potentially remain in the solidified material 

[182,183].  

 In contrast, LoF defects are usually attributed to insufficient melting of powder particles or 

inter-layer binding faults due to deficient energy input or inadequate scan strategy and process 

parameters, respectively [132,153,166,170,172,176,178]. These defects are often reported to be 

lens-shaped and aligned along the layer boundaries which causes an anisotropy in fatigue strength, 

i.e. increased fatigue lives for specimens tested perpendicular to BD due to a decreased stress 
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concentration and projected defect area with respect to loading direction [184]. However, this is 

not necessarily the case since the LoF type of flaw can potentially exhibit a remarkable extent over 

multiple layers in vertical direction (BD) as demonstrated by Bauereiß et al. [61]. The origin of 

these irregular defects can also be an instability of single melt tracks, i.e. surface tension induced 

Plateau-Rayleigh instabilities (cf. also following section), capillary forces and wetting of the 

surrounding powder leading to a fragmentation of the melt track. This yields an uneven, corrugated 

top surface of the consolidated material which in turn affects deposition and fusion quality of the 

subsequent layers, so that voids can expand over several layers and deteriorate mechanical 

properties independent of the angle between load and build direction [31,61,185–190]. 

 

 
Figure 2.11 a) Optical micrograph of the cross-section of EBM precursor Ti64 EIGA atomized powder, b) magnified 

view of area marked with white dashed rectangle in (a) showing residual porosity from atomization process. 

 

 Furthermore, it can be concluded that EBM and stress relieved SLM Ti64 are characterized 

by very similar fatigue behavior [120] (recently confirmed, e.g. by Masuo et al. [191] and Chastand 

et al. [170]). This can be explained based on the defects, i.e. in specimens of both conditions equal 

defects were identified as crack initiator by fractographic examinations upon mechanical testing. 

According to Murakami [192] the fatigue life and scatter are consequently explained based on the 

size and the location of the defect, i.e. near or remote to the surface. As confirmed by finite-element 

modelling conducted by Tammas-Williams et al. [174,193], the voids near or in contact with the 

surface generate the highest stress concentration and are most detrimental in terms of fatigue 

behavior.  

 Due to the dependence of stress concentration from the proximity of defects to the surface of 

the specimens the fatigue behavior of EBM as well as stress relieved SLM Ti64 is described by a 

multi-slope or duplex S-N-curve. Surface crack initiation causes premature failure and is attributed 

to low number of cycles to failure, whereas sub-surface crack initiation is attributed to increased 

fatigue lives and higher number of cycles to failure. It has to be noted that removal of the rough 
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surface does not significantly increase fatigue performance since internal bulk porosity may be 

shifted to the part surface upon machining. This phenomenon of competing failure modes can be 

deduced from the S-N-data provided in Fig. 2.10, where surface crack initiation of EBM and stress 

relived SLM material is defined by half-filled symbols and crack initiation from sub-surface defects 

is defined by open symbols (tringles and circles), respectively [120]. Since both batches are 

characterized by similar stochastic distribution of defect sizes and locations they also reveal similar 

S-N-behavior. The transition between the competing failure modes, i.e. surface and sub-surface 

crack initiation, respectively, occurs around approximately 107 cycles. 

 

 
Figure 2.12 Representative fracture surfaces of fatigued Ti64 showing a) gas porosity induced void, b) lack-of-fusion 

defect and c) -platelet, i.e. a facetted crack initiation site in HIP-treated material. 

 

 A further issue that consequently arises is the impact of the shape of the critical defect. 

Kasperovich et al. [178] propose that the sharp radii of the LoF defects correlate with increased 

stress concentrations and, hence, are more detrimental to fatigue behavior than gas porosity. 

However, this has not been confirmed by subsequent studies. In Fig. 2.10 the specimens that failed 

from LoF defects are labelled with asterisks, in the remaining specimens gas porosity has been 

identified as main crack initiator [120]. As can be derived, both failure mechanisms result in 

virtually similar fatigue lives, can therefore be captured by the same S-N trend line and no 

pronounced scatter induced by crack initiation on differently shaped voids is observed. These 

results were confirmed by Yadollahi et al. who argued that cracks are likely initiated at these critical 

points of LoF defects but crack propagation leads to a transition to a more smooth shape within the 

very first loading cycles [152,194]. Moreover, by fatigue life modelling of specimens with semi-

elliptical surface defects with varying aspect ratios they demonstrated that the overall dimensions 

of the defects are much more relevant than local curvatures of irregular LoF voids. However, an 

open issue is the exact determination of an equivalent defect size that can be used as input parameter 
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for fatigue life prediction. As shown by Masuo and Murakami, Murakamis √area model has to be 

slightly adapted, i.e. they introduced a method for the improved approximation of the effective 

defect area √areaeff  for voids close to the surface or interacting voids [191]. Though, the broadly 

valid definition of standardized defects that are capable to reflect the detrimental impact of 

microstructural inhomogeneities will require further research.  

 It can also be deduced from fatigue data provided in Fig. 2.10 that the HIP process 

significantly improves the fatigue performance of SLM processed Ti64 [120,164,165]. It has been 

demonstrated in numerous studies that a HIP-treatment prior to machining and removal of the 

rough surface, respectively, effectively reduces the size of internal voids that do not further act as 

crack initiators [132,163,181,195,196]. Though, HIP material does not show a conventional fatigue 

limit like the non-treated specimens and failure occurs even beyond 108 loading cycles [120,167]. 

Fractography of fatigued specimens reveals either single  facets or clusters of  facets as crack 

initiators and confirms that the size of porosity and LoF defects has been reduced to a sub-critical 

magnitude in terms of fatigue. This failure mechanism is also well-known from examination of 

fatigue behavior of conventionally processed Ti64 and is related to crack initiation by cleavage of 

 grains. It is consistently reported that shear and slip activities in  grains with unfavorable 

orientation favoring basal slip or a slight deviation from that orientation with moderate Schmid 

factor coupled with tensile components perpendicular to basal plane yield facetted microcracking 

as representatively shown in Fig. 2.12 (c) [197–202]. This correlates well with the observable 

inclination of the facets with respect to BD. The HIP-treated material is also characterized by a 

duplex S-N-curve and competing failure modes equal to non-HIP-treated specimens [120,198]. In 

Fig. 2.10 the specimens that failed induced by surface or sub-surface crack initiation were defined 

by half-filled or open squares, respectively. Furthermore, it can be derived that HIP-treated material 

shows almost similar fatigue performance as conventionally fabricated Ti64 defined by half-filled 

rhombuses in Fig. 2.10. The fatigue data is recompiled from Heinz et al. [179,180], who also 

observed surface and sub-surface crack initiation depending on stress amplitude and number of 

cycles to failure. Though, closing the remaining gap requires future investigations. A trivial 

optimization of the manufacturing process and HIP parameters towards smaller  grain sizes could 

be potentially beneficial in terms of remaining higher monotonic strength, however, it could 

actually not be effective since fatigue cracks are not only initiated on single isolated facets but also 

on clusters of facets. This phenomenon has also been reported for conventionally processed Ti64 

where in micro-textured regions with numerous unfavorably oriented grains multiple cracks are 
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initiated that combine to an effectively critical large crack. Future research in SLM and EBM could 

therefore focus on the texture of the primarily solidifying  phase and the respective texture of the 

 phase that evolves according to the Burgers orientation relation [200,203–205]. 

 

Fatigue behavior under presence of process-induced surface roughness 

 

 The HIP process has been evidenced to be very effective in terms of enhancing fatigue 

performance due to a significant reduction of internal porosity to a sub-critical level, however, 

fatigue crack initiation in AM components does not only occur on microstructural but also 

topographic inhomogeneities, i.e. surface roughness. As can be seen exemplarily for fracture 

surfaces of fatigued SLM manufactured Ti64 in Fig. 2.15 [162], objects fabricated by powder-bed 

based AM processes are characterized by significant surface roughness. The origin of this 

roughness is twofold: (i) powder particles are partially melted and attached to the surface and (ii) 

melt track instabilities and uneven or corrugated solidification of the melt during contour 

exposition [206]. In terms of fatigue the particles attached to the surface are not critical. Contrarily, 

the unstable melt flow due to capillary forces and wetting of the surrounding powder yields highly 

irregular structures and sharp notch-like features similar to LoF defects in touch with the surface 

[53,188]. Numerous studies have reported that these features act as crack initiator and that the as-

built surface roughness significantly decreases the fatigue life 

[153,165,169,170,172,177,178,191,206–208]. Among these examinations it is furthermore 

consistently demonstrated that as-built EBM Ti64 shows slightly earlier fatigue fracture compared 

to laser processed material in as-built condition, which can be lower than 50 % compared to 

conventionally processed counterparts. This is attributed to the higher surface roughness in EBM 

as result from the increased powder particle sizes and layer-thicknesses [207] (cf. also section 

2.2.2). The fatigue behavior seems to correlate with the measured surface roughness, however, it 

has been shown that the determination of the surface profile (analyzed using optical or scanning 

electron microscopy of cross-sectional areas or contact profilometry, respectively) tends to 

underestimate the effective size and depth of crack initiating defects [169,178,206,207]. HIP-

processing does not improve fatigue performance because the surface roughness, defects and voids 

at the specimen surface that are not entirely enclosed by material are not affected by this particular 

post heat-treatment [170,177,178,191]. Therefore, it is widely accepted that an appropriate surface 

finish is essential in order to obtain reliable in-service properties and to fully exploit the lightweight 
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potential of high-value components processed by AM. Several attempts are reported to decrease 

surface roughness of EBM and SLM manufactured parts [43,209–215], however, achieving a 

reasonable surface topography throughout complex geometries is highly complicated since the 

roughness depends on the process conditions, the process parameters, the part geometry and the 

orientation inside the process chamber. This refers mainly to differences in up-skin or down-skin 

surfaces, e.g. overhanging regions are characterized by a significantly increased roughness which 

makes uniform material removal and reproducible results hard to obtain [153,216].  

 

 
Figure 2.13 a) Geometry of specimens for fatigue testing built by SLM with internal channels of b) 1 mm, c) 1.5 mm 

and d) 2 mm, respectively, as shown in the A-A cross-section defined in (a) (taken from [162]). 

 

 In the context of freedom of design provided by AM, it is often referred to the possibility to 

incorporate internal conformal channels that could increase cooling efficiency and durability of 

tools and molds [217–219]. However, due to limited accessibility the issue of surface roughness 

has to be taken into account. Therefore, in the following a preliminary study conducted by the 

current author is reviewed, which focused in more detail on the fatigue behavior of SLM processed 

Ti64 specimens that were built with internal axial channels [162]. The outer contours have been 

machined whereas the channels remained in as-built condition absent of surface treatment (except 

for powder removal using compressed air). The geometry of the specimens is provided in Fig. 2.13. 

The channel diameter has been varied from 1 to 2 mm (cf. Fig. 2.13 (b) – (d)) in order to assess the 

impact of increased surface area on fatigue endurance. Fatigue testing was conducted at  

under force control, the stress has been calculated based on the load bearing cross-section, i.e. 

excluding the area of the internal cavity in order to enable stress amplitude based comparison 
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among different batches (cf. [162] for details). The specimens were stress relieve heat-treated, HIP-

treatment is not considered here. 

 The results are shown in Fig. 2.14 (a), which also displays fatigue data obtained by Leuders 

et al. [119], who tested the solid counterpart with the geometry given in Fig. 2.13 (a). As can be 

deduced from S-N-curves, the internal channels deteriorate cyclic behavior and fatigue limit at 

2×106 cycles compared to the solid counterparts (defined by open circles). Fig. 2.15 depicts 

representative fracture surfaces for the tested batches, i.e. specimens with internal channels with 

1 mm (a) and (b), 1.5 mm (c) and (d) and 2 mm (e) and (f), respectively. Fractography reveals that 

critical topographic features at the as-built surface can be identified as crack initiating 

inhomogeneity. 

 

 
Figure 2.14 a) S-N-curves for specimens with internal channels of varying diameter and of solid counterparts (data 

from [119]); b) S-N-curve of batch with internal channel of 1.5 mm with distinction of failure from rough surface and 

porosity, respectively [161,162]. Runouts at 2×106 cycles are labeled by arrows. 

 

 Moreover, as shown in Fig. 2.15 (g) and (h) for a representative fracture surface of the 

geometry according to Fig. 2.13 (c) (internal channel with 1.5 mm diameter), some specimens also 

failed from fatigue crack initiation on porosity close to or in touch with the outer machined surface. 

Though, this does not yield pronounced scatter in fatigue lives. Consequently, this suggests that 

the impact of surface roughness and porosity is similar since the fatigue behavior can still be 

captured by one single S-N-curve. This is showcased is Fig. 2.14 (b), which details the results for 

the 1.5 mm channel specimen differentiating between crack initiation on either channel surface 

features (open circles) or residual porosity (open triangles). Edwards et al. [176] confirmed this by 

discussing the effect of porosity that is shifted to the specimen surface upon machining, however, 
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this finding is not entirely consistent with open literature reporting slight improvements of the 

fatigue performance of SLM and EBM processed and machined Ti64 compared to the as-built 

condition [165,169,170,177,191,207]. Apparently, the findings published in open literature vary 

significantly with process technique, observed surface roughness and defect sizes. Thus, certain 

drawbacks regarding the inconsistency and challenging reproducibility of powder-bed fused 

objects are revealed.  

 Furthermore, it can be derived from the S-N-plot in Fig. 2.14 (a) that an increase of the inner 

diameter reduces the fatigue life [162]. This is in good agreement with work from Pegues et al. 

[220], who performed fatigue tests on additively manufactured Ti64 specimens with varying 

diameters in as-built condition, i.e. with rough surface. Their results indicate that a decrease in 

specimen diameter also decreases fatigue lives and, moreover, that the gauge volume and, thus, 

increasing area of rough surface does not have an impact on the overall fatigue endurance. Both 

studies, i.e. on tubular specimens with internal cavities [162] as well as on solid specimens with 

different diameters [220] lead to the following assumption: fatigue life of non-HIP-treated and non-

machined SLM and EBM processed Ti64 is determined by crack growth, i.e. it can be presumed 

that fatigue cracks are initiated at a very early stage and the fatigue life is consequently dictated by 

crack propagation.  

 

 
Figure 2.15 Representative fracture surfaces of specimens with a) 1 mm, c) 1.5 mm and e) 2mm, b), d) and f) show 

associated magnifications of areas marked with white dashed rectangles; g) specimen with 1.5 mm channel that failed 

from spherical porosity as highlighted by the black dashed circle in the magnified view in (h). 
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 Few studies recently showed that the crack growth concept, i.e. the estimation of the fatigue 

lives based on crack growth rates, is a suitable approach for fatigue life prediction. In [162] the 

effect of surface roughness on fatigue life was estimated based on the description as circumferential 

notch in a tubular specimen. Greitemeier et al. [206] and Yadollahi et al. [152] also presumed a 

negligible crack incubation stage and predicted fatigue life based on the equivalent initial flaw size 

method [221], i.e. a smooth specimen with a semi-elliptical surface notch. The dimensions of the 

equivalent defect are correlated to respective values of the surface profile. Both fracture mechanics 

approaches are capable to capture the fatigue behavior of laser and electron beam melted material 

adequately. The crack growth approach furthermore explains the low scatter in fatigue data, the 

minor impact of the shape of crack initiating defects as well as the reduced fatigue life of specimens 

with either reduced specimen diameter [220] or ligament size (increased diameter of internal 

cavities) [162] (disregarding superimposed effects of multiple crack initiation and crack 

coalescence). 

 However, further validation of this promising approach is necessary including the 

determination of equivalent or effective defect sizes √areaeff that capture the impact of surface 

roughness similar to LoF defects in touch with the surface as well as the mutual interaction of crack 

initiating notches (cf. previous sub-section) [152,191]. Moreover, the estimation of fatigue lives of 

complex shaped components with spatially varying surface roughness values (yielding anisotropy 

in fatigue performance [165]), multi-axial loading conditions and superimposed geometrical notch 

effects demands further examinations [207,222,223]. The current relevance of this topic is also 

reflected in the large number of international research activities, e.g. by Romano et al. [224]. They 

report an approach for the assessment of the fatigue resistance in SLM processed bionic aircraft 

brackets. This is based on an analytical finite-element model for the determination of most critical 

regions of the component. Information about the defect distribution within the part and about the 

fatigue behavior of the processed material can be acquired using X-ray μCT and by standard S-N-

curve experiments. The definition of equivalent size of the determined initial defects allows for a 

fracture mechanics based NASGRO simulation, the estimation of the fatigue performance of the 

geometry as well as the analysis of the source of scatter in AM parts. 
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2.2.2. Solidification and Evolution of Microstructure during Additive Manufacturing 

 

 Besides the presence of process-induced defects and flaws the control and fundamental 

knowledge about parameters influencing microstructure evolution is essential for the performance 

of additively processed alloys and components. As aforementioned, powder-bed fusion AM 

processes are characterized by high localized heat input and melting as well as high thermal 

gradients and solid-liquid interface velocities (up to 107 K/s). This predominantly results in far 

from equilibrium solidification and strong crystallographic textures (cf. also section 2.2.). This can 

for instance comprise the fractions, distribution and morphology of prevalent phases. It is well 

known from austenitic stainless steels that the primary solidification mode can completely change 

(e.g. from primary austenitic to primary ferritic and vice versa), and that -ferrite or retained 

austenite (RA) fractions can be stabilized during welding or rapid solidification processing like 

laser and EB surface treatment, respectively [225–235]. Significant amounts of RA can also be 

present upon SLM processing as shown for 17-4 PH or FeCr4Mo1V1W8C1 tool steels [236–238]. 

These can yield superior properties due to deformation induced phase transformation (TRIP effect). 

However, thorough evaluations of the contribution to enhanced strength and ductility as well as 

detailed transformation mechanisms are currently incomplete. 

 

 The most prominent example in AM and concurrently the most extensively examined alloy 

in EBM [239] is the titanium alloy Ti-6Al-4V (Ti64). This alloy is usually possesses an hcp-  + 

bcc-  dual phase microstructure. However, due to the SLM and EBM process-inherent high 

solidification rates the as-built condition is characterized by a fine structured almost fully ‘ 

phase [42,101,240–246]. Since the   ’ transformation is initiated at the  grain boundaries the 

prior  structure is still recognizable upon martensitic transformation [203,247,248]. Due to the 

relatively fine, acicular microstructure additively manufactured Ti64 usually exhibits high strength 

and viable ductility (usually residual stress relieving heat-treatment is conducted) [22,249]. 

Nevertheless, it is potentially affected by a high degree of mechanical anisotropy which results 

from the epitaxial solidification of the primary  phase. Computational reconstruction of the  

structure from the orientation of the / ’ phase  reveals a highly textured columnar  grain structure 

(elaborate post-processing of EBSD data allows for the determination of the orientation of the 

parent  phase provided the Burgers orientation relationship between  and ) [203,250,251]. 
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 This kind of microstructure is typical for layer-wise powder-bed based AM technologies The 

tendency to grow epitaxially and form columnar grains with high aspect ratios (GAR) has been 

reported in numerous studies and for various alloy systems, e.g. Al-alloys [51], austenitic steels 

[157,252–255] and several Ni-based alloys like IN718 [54,74,256–261]. This phenomenon is also 

known from free-form fabrication AM technologies like Laser-Metal Deposition (LMD, also 

referred to as Direct-Metal-Deposition, DMD, or Laser-Engineered-Net-Shaping, LENS). The 

latter technologies are not limited to the fabrication of entire objects or surface coatings, but are 

also established for the repair of high value components like single crystalline turbine blades 

[146,262–269]. The feasibility to fabricate single crystal structures by optimized process parameter 

selection has also been demonstrated for the EBM processing of Ni-based superalloys [270,271]. 

Exemplarily, Figs. 2.16 (a) and (b) depict EBSD micrographs of highly anisotropic EBM processed 

IN718 in as-built as well as heat-treated condition [160]. The corresponding texture plots as 

determined by XRD shown in Fig. 2.16 (c) reveal intensity exceeding 40 multiples of random 

distribution, which is in good agreement with various studies on AM IN718 (e.g. [54]). The 

material has been processed using an Arcam A2X EBM machine and the standard parameters as 

provided by the manufacturer (cf. [160] for details). It can be seen that the grains are highly 

elongated along BD, grow several mm over multiple layers (nominal layer thickness 75 μm) and 

exhibit a strong crystallographic 001  || BD orientation (BD is vertical). 

 

 
Figure 2.16 EBSD IPF map of EBM processed IN718 in a) as-built and b) heat-treated condition; c) XRD texture 

intensities and corresponding scale bar for (a), plotted for build direction (BD), normal direction (ND) and transverse 

direction (TD). 
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 Generally, it is known from welding metallurgy that the solidification morphology of grains 

depends mainly on the thermal gradient (G) and the solid-liquid interface velocity or solidification 

rate (R), respectively. Fig. 2.17 (a) schematically depicts the conditions for columnar and equiaxed 

dendritic growth under various G and R values [272–274].  

 

 
Figure 2.17 a) Schematic G-R plot indicating conditions for equiaxed and columnar grain growth [274]; b) SEM-BSE 

micrograph showing the variation of microstructure in EBM processed IN718 (BD vertical) [54]. 

 

 In order to obtain dense parts and a sufficient consolidation of layers in SLM and EBM, the 

energy input has to be high enough to melt the powder of one layer and furthermore at least partially 

re-melt previously deposited material. This provokes an energetically favorable epitaxial 

solidification of the melt, i.e. heterogeneous nucleation of solid grains from a liquid on the substrate 

solidifying with almost identical crystal orientation as the grains of the substrate [23,225,272,275]. 

However, dendrites do not grow randomly. In fcc and bcc alloys grains grow preferentially along 

001  orientations due to an anisotropy in interfacial energy [81,262,267,272,273,276–284]. 

Therefore, grains with the favored 001  grow direction oriented along the thermal heat dissipation 

direction overgrow grains that diverge from this, which in summary yields highly textured 

microstructures with grains growing over several layers in BD [262,276–280]. 

 However, this also implies that not only the magnitude, but also the principal direction of G 

is paramount. Usually, since the introduced energy is dissipated by conduction trough the substrate 

the direction of G is mainly vertical, i.e. parallel to BD. Though, deviations are possible when the 

depth/width ratio of the melt pool increases. As demonstrated in Figs. 2.18 (e) and (f), if the melt 

pool gets deeper the direction of heat dissipation is not vertical but radial as it is perpendicular to 

the solid-liquid interface. In layer-wise AM the melt pool shape and re-melting depth, respectively, 
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depend in first place on beam parameters as introduced in section 2.1.3. As schematically 

displayed, certain combinations of process parameters influencing the melt pool shape, in terms of 

an increased tilt angle between the principal heat flow direction and BD, can potentially favor the 

formation of grains that deviate from 001  || BD orientation and  weaken resulting crystallographic 

textures. Experimental evaluation of the impact of process parameters has been performed, e.g. by 

Ding et al. [285], who performed EBM single track experiments in an IN718 substrate using 

different line energies as depicted in Figs. 2.18 (a) – (d). Consistent with other investigations by 

Zhang et al [286] and Liu et al. [287], increasing width and depth of the fusion zone with increasing 

energy input is reported by experiment and simulation. Karimi et al. [288] additionally showed that 

the depth of re-melted material increases with increasing energy input as deduced from 

examination of microstructure and morphology of EBM manufactured IN718 single tracks. The 

evaluation of the final texture formation, however, has to take the rotating scan strategy as well as 

partial or full re-melting of the material into account. 

 

 
Figure 2.18 a) – d) Transverse SEM cross-section micrographs of EBM produced single tacks in solid IN718 substrate 

using varying line energies (EL) [285]; e) and f) schematic illustration of variation of thermal gradient G with respect 

to BD (recompiled according to [81]). 

 

 The evolution of strong crystallographic textures can be desired in certain applications, e.g. 

for enhanced high-temperature performance and creep resistance of Ni-base superalloys or 

improved compatibility of implants that possess diminished stiffness adapted to that of human 

cortical bone decreasing stress shielding effects [146,289]. 

 However, it can also be potentially unfavored since highly textured components are 

characterized by significant anisotropy of mechanical behavior. This includes the elastic behavior 
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in terms of a strongly orientation dependent Young’s modulus. Alloys like IN718 or AISI 316L 

with fcc matrix exhibit comparably low modulus in 001  direction, whereas the orientations 

perpendicular to BD (in case of textured columnar grain growth), i.e. oriented in 100 110 or in 

between, respectively, are remarkably stiffer [149,253,257,259,290–296]. Moreover, 

crystallographic orientation has a substantial impact on plastic deformation characteristics in terms 

of dislocation motion, shear stress on dislocation glide systems (Schmid factor) and, hence, 

dissociation width of partial dislocations in low SFE alloys. In consequence, the deformation 

mechanisms associated with the formation and interaction of SFs like deformation twinning and 

phase transformation are affected (e.g.  →  (→ ’) sequences in TRIP assisted steels). Besides 

the orientation, the grain size also influences the apparent SFE and deformation kinetics as shown 

for metastable Cr-Ni, and high Mn TWIP steels. This is of high significance regarding the potential 

formation of large elongated grains upon AM processing and the resulting directional dependence 

of mechanical properties [253,293,297–310]. Moreover, a pronounced texture affects the cyclic 

stress response and consequently the fatigue life as demonstrated by Kirka et al. [159] by 

examination of the LCF performance of EBM manufactured IN718 with columnar or equiaxed 

grain morphology, respectively. It also affects the crack propagation rate and crack path through 

the specimen [153,157,158]. 

 One major feature of the layer-wise AM processes compared to several conventional 

technologies is that the component geometry and the (three-dimensional) microstructure that 

determines mechanical properties are created simultaneously. This is a key aspect for the 

production of functionally graded material (FGM), which refers to vast possibilities provided by 

SLM and EBM processes to implement: 

(i) Geometrical gradients, e.g. the combination of bulky and weight-optimized lattice 

structures with varying strut diameters and unit cells [311–313]; 

(ii) Microstructure gradients, i.e. through adjustments of the process parameters or scan 

strategy within one layer or throughout subsequent layers, it is possible to incorporate 

spatial variations of the microstructure and to tailor strength and deformation behavior 

for specific applications [19,54,97,256,314–317]; 

(iii) Chemical gradients, i.e. compositional variation either by application of different 

precursor powder materials [318–321] or the intentional evaporation of alloying 

elements (as will be demonstrated in section 4.2). 
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 Fig. 2.17 (b) (as recompiled from [54]) shows a SEM-BSE micrograph of EBM processed 

IN718 showcasing the possibility to switch between crystallographic and morphologic textures, i.e. 

between highly textured columnar grains and weaker textured equiaxed grains and vice versa, 

respectively, within one deposit and with relatively sharp transition zones. Helmer et al. [54] melted 

cuboidal specimens using a high scan speeds at low hatch distances, which theoretically inclines 

main heat flow direction with respect to BD. Kirka et al. [74] demonstrated a new approach which 

is based on spot melting instead of continuous line melting. Precise adjustment of beam settings, 

spot distances and exposure time can alter G/R ratio towards equiaxed dendritic growth. However, 

this scan strategy is currently not available within the default process parameters provided by the 

machine manufacturer. 

 

 Crystallographic texture evolution in SLM can be principally similar to EBM, including large 

columnar 001 grains grow epitaxially over multiple layers yielding highly anisotropic 

microstructure and properties as shown, e.g., for IN718 and the deformation characteristics of AISI 

316L [157,252,253,322]. 

 However, texture intensities in SLM processed material are frequently reported to be weaker 

than in EBM material, irrespective of deviations regarding applied process parameters and power 

of the utilized laser source. A certain degree of fundamentally different microstructure evolution 

between SLM and EBM can be generally explained based on the shape of the melt pool associated 

to the distinct energy absorption characteristics. Utilizing a laser basically means energy transfer 

by photons, which are absorbed within the first nm of the substrate. In contrast, electrons 

accelerated with high UA penetrate orders of magnitude deeper. This absorption depth, also referred 

to as the so-called electron range, da, the distance where 99 % of the energy of the electron beam 

is absorbed, can be estimated according to . Assuming a constant 

UA of 60 kV (cf. section 3.1), for IN718 da is approximately 9.3 μm and for the austenitic stainless 

steel in the present work (providing a density of  = 7.8 g/cm³) da is approximately 9.7 μm 

[39,96,323]. Despite the generation of secondary and backscattered electrons as well as X-rays, EB 

is consistently considered to exhibit higher efficiency than the laser due to the decreased reflectivity 

[39,40,70,203] (this could be an inadequate and simplified assumption regarding stochastic 

arrangement of particles in a powder-bed, as will be further shown in section 2.2.2). 

 Based on the deviating absorption characteristics even when considering equal computational 

volumetric energy densities Evol, SLM can be characterized by a relatively deeper melt pool. This 
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can be ascribed to a high vapor recoil pressure due to material evaporation, higher maximum 

temperatures compared to EBM and high thermal gradients within the liquid yielding high melt 

pool convection and surface tension driven Marangoni flow [82,183,282,324–328]. Thus, the edges 

of the melt in SLM pool are relatively steep so that the heat flow direction is not vertical, but radial 

and the formation of grains that deviate from 001  || BD orientation (cf. Figs. 2.18 (d) and (f)) is 

provoked. In combination with a scan rotation in subsequent layers potentially results in less 

pronounced crystallographic texture. However, based on heat dissipation and depending on the 

process parameters and scan strategy, the formation of alternative textures, e.g. 111 011 is 

demonstrated for Ta and -Ti alloys processed by SLM, respectively. Furthermore, it has to be 

taken into account that the melt pool geometry depends on the thermophysical properties of the 

alloy like the thermal diffusivity and temperature-dependent surface tension (e.g. [182,329]). 

 Similar to EBM the SLM process allows for the production of FGM components. 

Analogously, the microstructure gradients can be implemented mainly by a spatial variation of 

process parameters that mainly influence G, R (equiaxed/ columnar growth, cf. Fig. 2.17 (a)) and 

melt pool geometry (determining heat dissipation) [51,330]. These alterations are usually 

accompanied by a selection of different laser sources with distinct power and power distribution 

[252,258] along with a respective adaption of the scan speed and hatch distance. Popovich et al. 

[258] processed graded IN718 via SLM using laser powers of 250 and 950 W for the melting of 

the equiaxed and columnar zones, respectively. The adjustment of remaining parameters (hatch 

distance, scan speed and layer thickness) resulted in equal Evol of 59.5 Jmm-3, however, the results 

were substantially different. The domain melted with high laser power, slower scan speed, 

increased hatch distance and layer thickness was consequently characterized by a coarse grained 

and strongly textured microstructure. This indicates that the volumetric energy density as 

calculated by  is not necessarily a reliable quantity for a 

comprehensive comparison as it is usually utilized [21,331–333]. Consistently, Prashant et al. [331] 

and Bertoli et al. [332] reported that every of the included parameters has an isolated impact, so 

that even at constant Evol values significant deviations in microstructure and part density, i.e. 

porosity induced by either insufficient melting or keyhole voids induced by overmelting, can occur. 

Further, even the quality of single melt tracks can vary within a wide range, concluding Evol is not 

capable to capture the complex physics of the process including elaborate heat and mass transfer, 

Marangoni flow induced by surface tension or capillary Plateau-Rayleigh instabilities yielding 

balling effect and melt track fragmentation [34,183,190,325,328,331,332,334–339]. For an 
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enhanced applicability and practicability of the Evol equation, it should be extensively expanded 

and mandatorily include materials properties and scan strategy information. Furthermore, McLouth 

et al. [340] as well as Metelkova et al. [341] comprehensively demonstrated that a variation in laser 

focus, i.e. a shift of the build plane from focal plane, can significantly alter the shape of the melt 

pool. It has been shown that an increase in effective laser beam diameter (spot size) and, hence, 

increased overlap of adjacent scan tracks and the decrease of the nominal energy density due to 

defocusing, can increase the width/depth ratio (melt pool gets shallower) of the melt pool. This 

decreases temperature gradients and cooling rates favoring columnar grain growth and, thus, leads 

to stronger crystallographic and morphological textures. Contrarily, a focused beam, a deeper melt 

pool and associated coupled multi-directional heat flow arrays dilute the crystallographic texture 

and lower the average GAR. 

 Besides the sensitivity to several parameters within the SLM or EBM process, microstructure 

control is further generally considered difficult when bearing in mind the fabrication of more 

complex objects instead of simple specimens for mechanical characterization. The fundamental 

underlying problem is the variation of the scan length and, thus, different return times tr (refers to 

different thermal conditions due to mutual interaction of adjacent scan tracks as introduced in 

section 2.1.3), as well as spatially inconsistent thermal conditions including negative surfaces and 

distinct thermal conductivity of solid deposit and surrounding powder (cf. Fig. 2.8). Comprehensive 

examinations on the effect of build geometry has been presented by Leicht et al. [342] and 

Frederick et al. [260] for AISI 316L and Rene-N5 Ni-base superalloy, respectively. Variations of 

microstructure formation are rationalized by spatial fluctuations of G and R. This effect is also 

observable in more simple cases of varying wall thicknesses or wall thickness transitions that can 

cause a drastic change of heat transfer and grain morphology and orientation [250,251,343]. Also 

deviations in the contour section are consistently reported since epitaxial growth on partially melted 

powder particles occurs [250,251,270,271]. It has to be taken into account that also the orientation 

of the part within the build-chamber has significant impact on final properties and microstructure 

evolution [344]. The tr or hatch length further has a significant impact on magnitude and 

distribution of RS [69]. This knowledge led to the development of more complex scan strategies 

as the so-called chessboard strategy typically employed in the SLM process, which addresses the 

critical part deformation and RS-induced warping [345–347]. 
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 Furthermore, there are challenges regarding microstructure control when the objective is 

entirely different, i.e. the target is not the production of components with low anisotropy but 

instead, the formation of highly textured, almost single crystalline deposits is desired Then the 

formation of undesired stray grains in the bulk (cf. Figs. 2.16 (a) and (b)), even when it is dominated 

by columnar grain growth, is an issue known from single crystal welding as well as freeform and 

powder-bed based AM. The term stray grains refers to relatively small grains that diverge 

significantly from the 001  orientation in BD. Reasons discussed in literature are manifold, e.g. 

impurities within the precursor powder material that provoke heterogeneous nucleation of grains 

with random orientation within a supercooled melt. As demonstrated by AlMangour et al. 

[348,349] this effect can be utilized to intentionally build fine-grained material as shown for AISI 

316L containing TiC/TiB2 nanoparticles that act as nucleation sites during SLM processing. 

Particles that act as heterogeneous nucleation sites can also be formed in-situ as shown for SLM 

processing of hypereutectic Al-Sc alloys that form Al3Sc precipitates [350,351]. Porosity, i.e. gas 

pores, lack-of-fusion or keyhole defects are not only detrimental for fatigue properties, but further 

can impede the epitaxial growth of already established 001 || BD oriented grains and create 

isolated regions of equiaxed grains [352–354]. Another reason can be based on compositional 

heterogeneity. Due to elemental segregations, interdendritic low melting-point phases can be re-

melted during exposure of subsequent layers as schematically displayed in Fig. 2.19. As examined 

by Liang et al. [355] by laser surface melting experiments of single crystal SRR99 Ni-base 

superalloy, these features locally disturb the melt pool and act as sites for heterogeneous nucleation. 

Contrarily to the epitaxial growth occurring in the dendritic cores, no particular grain orientation 

with respect to BD is transmitted. In AM this could be potentially relevant for the processing of 

non-weldable alloys as IN738 that are prone to liquation cracking due to the presence of 

segregation-stabilized low melting-point phases [356]. 
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Figure 2.19 a) Optical micrograph of a laser surface re-melted Ni-base single crystal; b) and c) schematic illustration 

of stray grain (SG) formation in the vicinity of low melting-point interdendritic phases (recompiled from [355]). 

 

 As described above the shape of the melt pool is essential for microstructure evolution, 

however, there are some crucial, hardly predictable variables that have to be taken into account, 

e.g. the random stochastic powder configuration. Due to a particular powder particle size 

distribution and, thus, a spatially varying packing density of the powder-bed, the effective layer 

thickness and therefore the magnitude of volumetric energy density Evol can significantly change. 

It also has to be considered that melted layers have a certain surface roughness which affects the 

deposition of subsequent powder layers and causes significant fluctuations in thickness (e.g. 

[288,334]). It has been shown for SLM of Ti64 that an increase in layer thickness yields unstable 

melt flow, i.e. capillary forces, increased recoil pressure, wetting of lateral powder and surface 

tension induced Plateau-Rayleigh instability, causing nonuniform and discontinuous melt tracks 

[58,189,327,334,335,357,358]. Concomitantly, variations in grain morphology and 

crystallographic orientation are expected. Moreover, the irregularity of deposited powder layers 

can have an impact on flaw and inter-layer defect formation in case the energy density Evol is 

deficient for an adequate fusion of the material. 

 Another factor that has to be considered is the spatially varying absorptivity and reflectivity 

(especially during application of a laser heat source) due to the stochastic nature of powder 

configuration which results in alterations of temperature maxima and distribution [58,325]. Fig. 

2.20 (b) shows the calculated absorptivity for an exemplary stainless steel powder with bimodal 

particle size distribution along the laser beam path of 1.000 μm length as indicated in (a) 

(simulation input: 7:1 radii ratio with the large particles having a diameter of 42 μm representing 

80 % of volume fraction; layer thickness set to 50 μm; diameter of the incident laser beam as 

indicated by black circles is 48 μm; laser has a wave length of 1 μm). It can be deduced that 

depending on the powder particle configuration within the powder-bed, the effective laser 
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absorptivity is spatially varying and highly nonuniform. Therefore, the degree of reflectivity 

influenced by the size distribution and arrangement of powder has an effect on the aforementioned 

physical phenomena regarding heat and mass transfer in the melt pool and, thus, on the local 

microstructure formation [325,359]. 

 

 
Figure 2.20 Schematic of the variation of laser absorptivity depending on powder configuration; a) modelled powder 

layer and b) associated absorptivity along the beam path indicated in (a), insets show powder details and indicate the 

incident beam with black circles (recompiled from [325,359], see text for details). 

 

 Furthermore, especially in SLM denudation phenomena have to be taken into consideration. 

This refers to displacement of large powder areas due to vapor recoil pressure as well as spatter 

ejection from the melt. Both effects have an impact on the absorptivity similar to the effect depicted 

in Fig. 2.20. However, these effects also determine the amount of powder that has to be melted, 

consequently the peak temperatures, temperature distribution, thermophysical effects and the re-

melting depth of previous layers [339,360–363]. 

 Another phenomenon causing a columnar-equiaxed transition (CET) is the fragmentation of 

dendrites during growth [355,364–370]. The principle of this mechanism can either be 

(i) Mechanical separation due to high turbulences in the liquid phase (known from welding [225], 

Marangoni effect induces high fluid flow speeds [357], however, this has not been discussed in the 

context of powder-bed based AM); (ii) Thermal separation of dendrite arms and the subsequent 

transport of the segments into the constitutionally undercooled melt by convection in front of the 
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solid-liquid interface [364,371]. There the nuclei can further grow and interrupt the columnar grain 

growth. Upon melting of subsequent layers, grains with favorable growth orientation with respect 

to heat dissipation direction will overgrow the stray grains, which are therefore limited in size with 

low GAR. 

 An alteration of the solidification mode has also been reported to occur within one melt pool 

[96,110,372–374], i.e. at the edges of the melt pool the thermal gradient G between liquid and solid 

is high, whereas the solidification rate is comparably low (large G/R ratio) yielding almost fully 

columnar grain growth. Contrarily, at the center of the scan track G decreases and the solidification 

rate is high (low G/R ratio and high degree of constitutional supercooling), which in turn causes an 

equiaxed grain formation and the loss of epitaxial growth. This has been shown for laser surface 

melting and epitaxial LMD of Ni-base superalloys by Gäumann et al. [263,264] and Liu et al. 

[375,376], who demonstrate a shift of dendrite orientation from 001 || BD due to alterations of G 

and R at the free top surface of the clad. Fig. 2.21 demonstrates this CET schematically for a 

longitudinal cross-section of a LMD track on a single crystal (SX) substrate (a) [264], and a LMD 

track of Rene-5 alloy highlighted by an optical micrograph section and associated modelling of 

epitaxial and equiaxed grain growth (b) [375].  

 

 
Figure 2.21 a) Schematic longitudinal cross-section of a laser-metal deposited melt track on a single crystal (SX) 

substrate indicating CET in the upper part; b) transverse cross-section of LMD clad of Rene-5 showing an optical 

micrograph and the modelled sections of epitaxial and stray grain formation (recompiled from [264,375]). 

 

 Recently, this phenomenon is also discussed by Koehnen et al. [377] for the explanation of the 

microstructure evolution of high manganese TWIP steels processed by SLM. They report that 

increasing scan speeds and lower preheating temperatures result in smaller melt pools and 

remelting depths. Therefore, the upper more equiaxed domain is not completely melted during the 

exposure of the subsequent layer. Consequently, epitaxial growth is observed from the relatively 

fine-grained and randomly textured area and the formation of large columnar gains over multiple 
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layers is inhibited. In contrast, in the specimens melted with lower scan speeds and higher 

preheating temperature of the substrate plate, yielding increased melt pool depth and lower R 

values, epitaxial growth of columnar grains is significantly promoted. This finding can principally 

be used for the fabrication of tailored microstructures and mechanical properties [377]. 

 

 The provided literature review summarizes few current examples of material-related issues 

regarding robust and reliable processing of components by EBM. These are necessary for the 

general understanding of process challenges, further developments of methods and materials as 

well as the classification of the results presented on EBM CrMnNi austenitic stainless steel in 

section 4. In the literature various approaches have been reported that address the introduced 

materials challenges like formation of anisotropic microstructures, the influence of 

inhomogeneities on damage evolution [378,379] or cracking in non-weldable alloy systems during 

powder-bed based AM using different approaches. Montero Sistiaga et al. [380] change the 

chemical composition of Al7075 aluminum alloy (wrought alloy with poor weldability and SLM 

processability due to a large solidification range and hot-cracking susceptibility) for better 

processability by addition of up to 4 wt.-% Si, minimizing microcracking by reducing melt 

temperature and grain size. Mantri et al. [381] and Bermingham et al. [382] showed that the 

microstructure of various additively manufactured titanium alloys (Ti-20V, Ti-12Mo and Ti-6Al-

4V in wt.-%) can be influenced by trace boron additions, which has impact on the prior -phase 

morphology and the nucleation of ’ from . 

 Various high-performance Ni-based alloys for high-temperature application have been 

processed by SLM and EBM, however, a strong tendency to cracking has been observed which 

correlates to the poor weldability. Chauvet et al. [383] explain hot-cracking based on liquid film 

formation and superimposed thermal stresses. Harrison et al. [384] proposed that thermal shock 

resistance and ultimate tensile strength are related to cracking susceptibility of SLM processed 

Hastelloy-X. They demonstrate a significant reduction of crack density by a slight modification of 

the composition, i.e. an increase in solid-solution strengthening elements and decrease of Mn and 

C. 

 Recently, Barriobero-Vila et al. [385] presented results on SLM processing of a 

commercially pure Ti alloy with additions of up to 2 wt.-% La and 1.4 wt.-% Fe. This poses a 

fundamental design approach for AM application, since it forms a peritectic system, i.e. upon 

cooling  phase forms by a peritectic liquid + Ti  Ti reaction as well as direct Ti  Ti 
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transformation. Therefore, both phases do not necessarily exhibit Burgers orientation relationship 

as observed for the martensitic transformation path. This yields a dilution of the Ti texture as it is 

not directly related to the Ti orientation, which is usually reported to be characterized by 

pronounced 001  || BD crystallographic texture. 

 As all AM technologies mature, significant improvements regarding machine setup and in-

situ metrology have been developed [94]. These developments will further address qualification 

and industrial standardization topics in AM. 
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2.3. Deformation Mechanisms and Fatigue Behavior of Metastable High-Alloyed Austenitic 

CrMnNi TRIP/TWIP Steels 

 

 Austenitic stainless steels are a very important class of materials with wide application 

potential due to their reasonable strength, good ductility and corrosion resistance [386,387]. In the 

last decades, steel grades showing transformation-induced plasticity (TRIP) or transformation-

induced twinning (TWIP), respectively, have produced noticeable academic and industrial interest 

driven by the need for lightweight materials with good formability and crashworthiness due to high 

energy absorption capability [306,307,388]. Besides austenitic high-Mn TWIP steels 

[306,389,390], CrNi and CrMn grades [391,392], 16Cr(6-7)Mn(3-9)Ni (in wt.-%) TRIP/TWIP 

steels have been comprehensively examined. These alloys are low in cost since the expensive 

alloying element Ni has been substituted by Mn [391,393,394] and, moreover, they exhibit an 

outstanding combination of mechanical properties beyond the strength-ductility trade-off as 

inherent, e.g. for ferritic steels [306]. This has been demonstrated upon various conventional 

manufacturing routes, e.g. casting [395–399], hot-pressing [400,401] or spark-plasma sintering 

[402]. 

 

 Due to the low stacking fault energy (SFE) multiple deformation mechanisms can be active. 

Besides glide of perfect dislocations, CrMnNi austenitic stainless steels exhibit deformation-

induced martensitic phase transformation (referred to as TRIP effect), i.e. martensite formation 

below Md (maximum temperature for deformation-induced martensite formation) but above 

Ms temperature (start temperature for athermal martensitic transformation). Twinning-induced 

plasticity, i.e. formation of twins (referred to as TWIP effect) can be observed at elevated SFE. The 

positive impact of these phenomena on mechanical properties is consistently correlated to the 

dynamic Hall-Petch effect. This is associated to a gradual microstructure refinement and reduction 

of the mean free path for dislocation glide due to the formation of martensite or twins, respectively. 

Upon plastic deformation new phase boundaries and interfaces and corresponding stress fields 

around a’ nuclei are formed that contribute to pronounced strain hardening, retardation of local 

necking and, thus, eventually prevent premature failure resulting in remarkable combinations of 

tensile strength and total elongation [306,403–408]. The TRIP and TWIP effect can also occur 

simultaneously depending on the SFE [298,407,409,410], which itself depends on the chemical 

composition, temperature and strain rate [298,392,403,407,411–414]. Consequently, 
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transformation kinetics and stress-strain response are affected depending on deformation 

mechanism or superimposition, in case both TRIP and TWIP effects are activated. The SFE and 

associated deformation characteristics of CrMnNi steels can therefore be adjusted by altering the 

content of the alloying elements. Ni increases the SFE and stabilizes the austenite favoring 

twinning upon straining [396,415,416]. The impact of Mn, which will be important in the course 

of the present work and discussed in the context of AM (cf. section 4.2), has been comprehensively 

evaluated by Wendler et al. [417,418] and Jahn et al. [416] in terms of phase stabilities and resulting 

mechanical properties for as-cast conditions. In this regard it has to be taken into account that 

segregation and heterogeneous distribution of alloying elements has to be avoided in order to obtain 

uniform mechanical behavior [419,420]. 

 The SFE describes the equilibrium dissociation width of partial dislocations and, thus, 

corresponds to the surface energy of a two-dimensional lattice defect. During the formation of a 

stacking fault, a perfect dislocation with Burgers vector  dissociates into two 

Shockley partial dislocations with  [421,422]. The stacking fault width and partial 

dislocation separation distance, respectively, depend on external stresses as well as the grain 

orientation with respect to loading direction and the respective shear stress component acting on 

the partial dislocations [297,298,304,307,392]. 

 Martensitic transformation is observed via two paths, i.e. direct according to  ’ and, as 

in case of the CrMnNi grades, including an intermediate hexagonal  martensite    (stacking 

faults)  ’. Upon plastic deformation of a low SFE alloy, the formation and periodic arrangement 

of partial dislocations and stacking fault formation on every second of the closed packed {111}  

planes alter the stacking sequence of the fcc matrix which corresponds to the hexagonal crystal 

structure identified as  martensite by EBSD and XRD [410,415,423]. Following further plastic 

deformation the   ’ transformation is observed, i.e. bcc ’ martensite forms preferentially 

inside the stacking fault bands or in particular at their intersections and the nuclei further grow by 

repetitive nucleation and coalescence [392,407,423–428]. 

 At increased SFE deformation twinning is favored in comparison to martensite 

transformation. Twins also form by dislocation dissociation and interaction of stacking faults that 

arrange on every {111}  lattice plane. This particular inversion of the ABCABC to ABCBA 

stacking order is consistently described as twin nucleus or micro twin, respectively [410,415]. At 
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even higher SFE, e.g. induced by an increase of temperature, slip of perfect dislocations is the main 

deformation mechanism and TRIP and TWIP effect are almost entirely suppressed. 

 The TRIP and TWIP effects are also observed upon cyclic deformation. Glage et al. [429] 

compared two CrMnNi steel grades in hot-pressed condition containing approximately 16 wt.-% 

Cr, 6 wt.-% Mn and either 3 wt.-% or 9 wt.-% Ni, respectively, in strain controlled testing mode. 

It was clearly pointed out that the prevalent deformation mechanism and associated cyclic 

strengthening rates determines the cyclic stress response and fatigue lives. Jahn et al. [396] 

previously demonstrated significant deviations in static properties of both steels in cast and rolled 

condition, i.e. a decrease in Ni content yields a shift from predominantly twinning to martensitic 

transformation and concomitantly promotes pronounced strain hardening. Similarly, upon a certain 

incubation time, in which microstructure defects that act as initiation site for martensitic 

transformation are formed, e.g. increasing density of stacking faults and deformation band 

formation, CrMnNi 16-6-3 steel shows a remarkable cyclic hardening which also increases with 

increasing strain amplitude. This is not observed for CrMnNi 16-6-9 steel even at higher strain 

amplitudes which can be attributed to deformation twinning being the prevailing deformation 

mechanism [429,430]. Consequently, in the LCF regime the high-Ni steel endures higher number 

of cycles to failure due to a persistently higher ductility. Conversely, beyond 104 cycles CrMnNi 

16-6-3 with decreased austenite stability exhibits superior fatigue performance which is attributed 

the significantly increased cyclic strengthening due to increasing fraction of ’ martensite 

[429,431]. 

 It has further been demonstrated that the apparent SFE and, thus, critical external stress for 

activation of transformation and twinning increases with decreasing grain size [299,301,305,432–

435]. The fraction of twins is reduced but not entirely suppressed. Therefore, grain refinement as a 

common approach to enhance yield strength of austenitic steels can impact the strain hardening 

behavior, the transformation and twinning kinetics and ’ martensite growth characteristics as also 

shown for cyclic strain controlled loading of an ultrafine-grained CrMnNi steel [436]. 
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3. Experimental Details 

 

3.1. EBM Processing and CrMnNi TRIP Steel Powder Details 

 

 The specimens for microstructure and mechanical characterization have been fabricated 

using an ARCAM A2X (ARCAM AB, Sweden) EBM machine (as displayed in Fig. 2.2) operating 

at an acceleration voltage (UA) of 60 kV under controlled vacuum atmosphere with a He pressure 

of 2 × 10-3 mbar. The processing parameters and the corresponding volumetric energy density Evol, 

calculated according to , as well as the resulting Mn fraction are 

summarized in Table 3.1. The focus offset has been set to a constant value of 15 mA (unit within 

the EBM control interface is mA). 

 The underlying strategy of the parameter study was to assess the trade-off between a chemical 

variation and minimally reduction of density. It followed the objective to implement significant 

alterations in Mn concentration without inducing either overmelting or large lack-of-fusion defects 

due to excessive or insufficient melting, respectively (cf. section 2.2.1). The substantial focus of 

the examinations on the Mn content is based on the high evaporation rate under the EBM 

processing conditions, i.e. high energy input and vacuum environment. The variation of the Evol 

has been conducted by changing the beam current IB (hence the beam power), the hatch distance l 

and mainly the scan speed VS allowing the assessment of the impact of each individual parameter. 

 All automatic functions implemented in the EBM control software, as described in section 

2.1.3, have been disabled in order to obtain static beam conditions. Further, a meander-shaped scan 

strategy with a scan rotation of 90° per layer as described in section 2.1.3 has been applied. 

 Fig. 3.1 depicts an exemplary temperature-time-regime for an EBM CrMnNi build layout 

comprising 9 cuboids with a cross-section of 20 × 20 mm² and a height of 10 mm. The temperature 

was measured by a thermocouple attached to the lower face of the substrate plate. The size of the 

substrate plate was 100 × 100 × 10 mm³. Prior to layer melting the temperature oscillates around 

850 °C for 15 min in order to guarantee for a sintering of the powder below the substrate plate. 

This is supposed to avoid displacement induced by potential forces applied by the rake. The general 

course resembles the one presented representatively for Ti64 in Fig. 2.9. 
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Table 3.1 Overview of applied process parameters, resulting volumetric energy density and corresponding Mn fraction 

 

 

Specimen No. IB [mA] VS [mms-1] l [mm] t [mm] Evol [Jmm-3] Mn Fraction [wt.-%] 

# 1 15 21.000 0.025 0.05 34.29 4.00 

# 2 15 23.000 0.025 0.05 31.30 4.42 

# 3 15 13.130 0.04 0.05 34.28 4.07 

# 4 15 14.380 0.04 0.05 31.30 4.16 

# 5 15 8.750 0.06 0.05 34.29 3.50 

# 6 15 9.585 0.06 0.05 31.30 3.66 

# 7 15 7.000 0.075 0.05 34.29 3.47 

# 8 15 7.200 0.075 0.05 31.30 3.58 

# 9 7.5 5.100 0.025 0.05 70.60 2.90 

# 10 7.5 6.000 0.025 0.05 60.00 3.30 

# 11 7.5 7.200 0.025 0.05 50.00 3.60 

# 12 7.5 3.200 0.04 0.05 70.30 2.90 

# 13 7.5 3.750 0.04 0.05 60.00 3.20 

# 14 7.5 4.500 0.04 0.05 50.00 3.90 

# 15 7.5 2.550 0.05 0.05 70.60 2.56 

# 16 7.5 3.600 0.05 0.05 50.00 3.56 

# 17 7.5 4.500 0.05 0.05 40.00 5.76 

# 18 7.5 2.250 0.10 0.05 40.00 5.2 

# 19 7.5 1.700 0.075 0.05 70.6 3.3 

# 20 7.5 2.100 0.075 0.05 57.1 4.3 

# 21 7.5 2.500 0.075 0.05 48.0 5.7 

# 22 7.5 2.900 0.075 0.05 41.4 5.0 

# 23 7.5 3.300 0.075 0.05 36.4 5.6 

# 24 7.5 3.700 0.075 0.05 32.4 5.7 

# 25 7.5 4.100 0.075 0.05 29.3 6.2 

# 26 7.5 4.500 0.075 0.05 26.7 6.2 

# 27 7.5 4.900 0.075 0.05 24.5 5.9 

# 28 7.5 1.600 0.09 0.05 62.5 4.9 

# 29 7.5 1.800 0.09 0.05 55.6 4.9 

# 30 7.5 2.000 0.09 0.05 50.0 5.3 

# 31 7.5 2.200 0.09 0.05 45.5 5.1 

# 32 7.5 2.400 0.09 0.05 41.7 5.2 

# 33 7.5 2.600 0.09 0.05 38.5 5.7 

# 34 7.5 2.800 0.09 0.05 35.7 5.8 

# 35 7.5 3.000 0.09 0.05 33.3 5.4 

# 36 7.5 3.200 0.09 0.05 31.3 5.8 
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Instantly upon the start of powder fetching and layer melting the temperature drops significantly 

due to high radiation losses of the substrate plate. Throughout the process it increases gradually 

due to the preheating of each individual powder layer and a thicker powder block covering and 

insulating the plate. After completion of the process the temperature decreases slowly, which in 

this particular case poses almost half of the overall process time. 

 

 
Figure 3.1 Temperature-time.-regime for an EBM build job comprising 9 CrMnNi steel (20 × 20 mm²) cuboids with a 

height of 10 mm built on a 100 × 100 mm² substrate plate. 

 

 Prior to the actual melting steps, the powder layers have been presintered using the highly 

defocused EB operating at a current of 17.5 mA, a deflection speed of 12.000 mms-1 and a line 

offset of 1 mm. Upon EBM processing the specimens are enveloped by relatively hard sintered 

powder due to the preheating prior to the actual melting step. Therefore, the parts are cleaned and 

blasted using the Powder Recovery System which uses similar steel powder as blasting medium. 

 As schematically shown in Fig. 4.6 (b) hollow structures, i.e. cuboids with only contour 

melting enabled (line melting instead of multi-spot melting), thus, built up by successively stacked 

single melt tracks, were built with 3.5 mA beam current at scan speed of 1.500 mms-1 

(corresponding to a line energy El = 0.14 Jmm-1). Accordingly, cellular structure with a cross-

section constituted of an array of square cavities of 3 × 3 mm² and a wall thickness 0.7 mm for 

BSE-SEM investigation (shown in Fig. 4.1) were processed using a beam current IB of 7.5 mA at 

a scan speed VS of 3.000 mms-1. 
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Figure 3.2 (a) SEM micrograph and (b) particle size distribution of the initial pre-alloyed powder; bars refer to the 

normalized volume fraction [%] for a defined particle size range and the solid line specifies the corresponding 

cumulative volume [%] [437]. 

 

 The precursor prealloyed powder has been produced by Electrode Induction-melting Gas 

Atomization (EIGA) technique and supplied by TLS (TLS Technik GmbH & Co Spezialpulver 

KG, Germany). A SEM micrograph revealing the spherical morphology is depicted in Fig. 3.2 (a). 

The particle size distribution as depicted in Fig. 3.2 (b) has been determined using a Camsizer XT 

(Retsch Technology GmbH, Germany). The chemical composition of the powder is given Table 3.2 

and has been determined by X-ray fluorescence spectroscopy (for Cr, Ni (S8 Tiger, Bruker AXS 

GmbH, USA)), inductively coupled plasma spectroscopy (for Mn, Al, Si (5100 VDV ICP-OES 

System, Agilent Technologies Inc., USA)), combustion gas (for C (G4 Icarus, Bruker AXS GmbH, 

USA)) and carrier gas analysis (for N (G8 Galileo, Bruker AXS GmbH, USA)), respectively. 

 
Table 3.2 Chemical composition of the precursor CrMnNi steel powder 

 

Element C N Cr Mn Ni Al Si Fe 

wt.-% 0.051 0.037 15.8 6.42 5.94 0.046 0.92 Bal. 



Experimental Details  51 

 
Figure 3.3 Schematic of CAD files of cuboids for fabrication of chemically graded specimens; scan speed varied from 

4.000 mms-1 in the open areas to 1.700 mms-1 in the gray shaded sections. 

 

 An objective of the present study is the processing of chemically graded structures based on 

the results regarding the adjustment and impact of Mn concentration. Therefore, specimens have 

been built by EBM, applying varying process parameters to different sections of the part. The 

virtual separation of the cuboids is depicted in Fig. 3.3. Throughput the part, IB = 7.5 mA, l = 75 

μm and t = 50 μm were kept constant. The scan speed VS, though, has been changed from 4.000 

mms-1 in the open sections to 1.700 mms-1 in the gray shaded section. Two strategies were followed 

in order to obtain a vertical gradient within one specimen; 

(i) Stacking of two equal cubes of 20 × 20 × 20 mm³ with decreased Mn concentration in 

the uppermost section (gray shaded area in Fig. 3.3 (a)); 

(ii) Integrating a Mn depleted layer between two equal cuboids with higher Mn 

concentration (Fig. 3.3 (b)). The cross-section is 20 × 20 mm² and the height X2 = 20 – 

0.5 × X1 (mm). The thickness X1 of the intermediate layer is set to 1 and 5 mm, 

respectively. 
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3.2. Microstructure Characterization and Phase Investigation 

 

 For investigations of the grain structure, crystallographic orientation and fractography, two 

scanning electron microscopes (SEM) have been employed, i.e. a CamScan MV2300 (Electron 

Optic Services Inc., Canada) and a high-resolution field emission gun SEM MIRA 3 XMU 

(TESCAN, Czech Republic) operating at 20 kV – 30 kV equipped with secondary electron (SE), 

backscatter-electron (BSE), electron backscatter diffraction (EBSD) and energy-dispersive X-ray 

spectroscopy (EDS) detectors. The Mn fractions given in Table 3.1 were determined by EDS 

measurements. EDS line scans were performed at a point distance of 2 μm and a dwell time of 

0.2 s. For EBSD measurements specimens were ground, polished to the grit size of 1 μm and 

subsequently vibratory polished using 0.02 μm colloidal silica (Master MetTm 2) to obtain 

appropriate surface finish (cf. [438]). Analysis of EBSD results has been performed using OIMTM 

Analysis 6 software. The grain aspect ratio (GAR) can be obtained from EBSD software and is 

defined as the ratio of the minor and major axis of an ellipse that is used for fitting of the grain 

shape. A misorientation angle of 12° has been specified as high-angle grain boundary for the 

distinction of individual grains. 

 The phase diagram for an iron-based CrMnNi 16-X-6 (in wt.-%) alloy and the corresponding 

phase fraction diagram for 6 wt.-% Mn have been calculated using Thermo-Calc software 

employing TCFE-7 database. In order to verify the predicted phase transformations, especially at 

elevated temperature, differential thermal analysis (DTA) has been performed. Therefore, a 

specimen with a weight of 53.97 mg has been extracted from the gauge length of a tensile specimen 

(Fig. 3.4) possessing chemical composition of specimen # 17 (Table 3.1). DTA has been conducted 

using a SETSYS Evolution 1750 TG-DTA apparatus (Setaram Instrumentation, France). 

Experiments were performed using heating rates of 20 Ks-1 below 800 °C and 10 Ks-1 above 

800 °C, respectively. 

 The phase fractions and crystallographic texture of specimen # 17 as defined in Table 3.1 

have been investigated by X-ray diffraction (XRD) using an Empyrean X-ray diffractometer 

(Panalytical GmbH, Germany) equipped with a Cu anode. For texture analysis of the austenite 

phase the {111}, {200} and {220} planes have been examined. The phase fractions have been 

evaluated in as-built condition and upon tensile deformation to uniform elongation. Phase fractions 

were quantified by the Rietveld method using TOPAS software package [439–441]. 
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 For further XRD investigations of specimens # 19, # 20, # 23, # 25 and # 29, a Seifert URD6 

(FPM Holding GmbH, Germany) with CoK  radiation has been employed. Again, measurements 

have been performed prior and upon deformation to uniform elongation. For these particular 

conditions of EBSD measurements were conducted as well. XRD examinations of the as-built 

condition were performed using tensile specimens ground and polished similar to the EBSD 

specimens. Upon tensile testing, no further preparation steps were carried out. 

 

3.3. Mechanical Characterization 

 

 For tensile tests specimens with a gauge length of 8 mm and a cross-section of 1.5 × 3 mm² 

as shown in Fig. 3.4 have been electro-discharge machined from EBM-processed cuboids with a 

cross-section of 20 × 20 mm² and a height of 40 mm. 

 
Figure 3.4 Geometry of miniature tensile specimens 

 

 The tests have been conducted at ambient temperature using a miniature load frame 

(Kammrath & Weiss GmbH, Germany) equipped with a 10 kN load cell at a strain rate of 1.25 × 

10-3 s-1. Except for one cuboid that has been built horizontally (cf. Fig. 4.7 (b)), all cuboids were 

built vertically, i.e. the build direction corresponds to loading direction during tensile testing. 

Additionally for specimens # 19, # 20, # 23, # 25 and # 29, respectively, the tensile strain has been 

determined using a digital video extensometer (Veddac Strain, Chemnitzer Werkstoffmechanik 

GmbH, Germany). In order to obtain sufficient contrast for displacement measurement on the 

surface, the specimens were prepared using P#1200 (15 μm grain size) SiC grinding paper (Struers 

GmbH, Germany). True stress true and true strain true have been calculated from the engineering 

stress eng and engineering strain eng by  and . 
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The uniform elongation, i.e. the beginning of necking, has been determined by applying 

Considère’s criterion  [442,443]. 

 Specimens for fatigue testing with a gauge length of 14 mm and a gauge diameter of 6 mm 

were machined from cylindrical rods with a diameter of 14 mm and a length of 130 mm that were 

EBM processed according to the parameters of specimen # 17 as defined in Table 3.1. Subsequent 

to machining the specimens were ground and polished to avoid surface influences. The total strain 

( t) controlled tests were conducted in the range of 0.25 × 10-2 ≤ t/2 ≤ 1.2 × 10-2 under symmetric 

push-pull condition, i.e. R=-1 (for further detail see [444]) on a servohydraulic MTS Landmark 250 

testing system at ambient temperature. The evolution of the ’ martensite mass fraction has been 

logged in-situ during fatigue testing using a Feritscope® MMS PC (Helmut Fischer GmbH, 

Germany). The values acquired by the Feritscope® were multiplied by the correction factor of 1.7 

in order to obtain the precise mass percentage of ’ martensite. This accounts for the differences 

in magnetic permeability of the bcc ’ martensite and  ferrite phases, to which the Feritscope® is 

actually calibrated. Further details and validity are given by Talonen et al. [445] and Droste et al. 

[444]. 
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4. Results and Discussion 

 

 In this section a correlation between the EBM process parameters, the resulting 

microstructure and associated tensile properties of a high-alloyed metastable austenitic CrMnNi 

steel are presented. Selected points of the material-related challenges during AM of metallic 

materials presented in the previous sections are revisited and specific requirements imposed on 

novel material designs are derived. In first place, this refers to the formation of highly anisotropic 

microstructures and the detrimental effect of porosity and lack-of-fusion defects. In this context the 

outstanding characteristics and properties of this particular alloy processed by EBM are 

highlighted, focusing on the as-built microstructure and damage tolerance under the presence of 

process-inherent inhomogeneities. 

 Supported by DTA results and a calculated phase diagram, an explanation for the evolution 

of a weak-textured, relatively fine-grained microstructure and the resulting almost isotropic 

mechanical properties is introduced. Further, the impact of EBM processing on the chemical 

composition is evaluated. It is shown that an appropriate adjustment of process parameters can 

result in distinct tensile properties by the variation of the fraction of the volatile alloying element 

Mn. A reduction of the initial concentration of approximately 6.4 wt.-% Mn within the precursor 

powder to approximately 3.3 wt.-% Mn upon EBM processing is demonstrated. The variance of 

chemical composition is discussed is the context of the magnitude of the volumetric energy density 

and the complex process-inherent thermal conditions. The results and findings are subsequently 

resumed for the fabrication of chemically graded components, which is approached by the 

utilization of spatially adjusted process parameters for distinct regions of a part. Moreover, results 

on total strain controlled LCF testing are presented revealing an outstanding fatigue behavior up to 

approximately 104 cycles to failure even under presence of large process-induced defects. This 

consistently underlines the damage tolerance of the investigated alloy induced by the deformation-

induced phase transformation as well as the general suitability of the alloy design for powder-bed 

based AM technologies. 
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4.1. Explanation of Microstructure Evolution and Isotropic Mechanical Properties 

 

 The EBSD micrographs of the gauge section of vertically built specimen # 17 and a 

horizontally built specimen (not defined in Table 3.1 due to varying scan lengths and lack of 

comparability; the arrangement on the substrate plate is schematically given in Fig. 4.7 (b)) in as-

built condition are displayed in Figs. 4.1 (a) and (b), respectively. Whereas specimen # 17 has been 

melted with a beam current of 7.5 mA at a scan speed of 4.500 mms-1, the beam current has been 

increased to 9 mA for the horizontally built cuboid in order to compensate for the increased scan 

length. Remarkably, the material is characterized by a relatively small grain size of 20 and 17 μm, 

respectively, according to EBSD analysis. Moreover, the grain morphology is relatively equiaxed 

as derived from the aspect ratios (GAR) of 0.52 and 0.42, respectively. Both specimens reveal a 

weak crystallographic texture, i.e. for the vertically built specimen (# 17) texture indices of 1.63 

and 1.4 (defined as multiples of uniform distribution) have been determined by EBSD and XRD, 

respectively. For the horizontally built specimen EBSD analysis gives a maximum intensity of 1.76 

(cf. Figs. 4.1 (c) and (d), texture intensities are plotted for build direction (BD), transverse direction 

(TD) as well as normal direction (ND)). Figs. 4.1 (e) and (f) further depict SEM-BSE micrographs 

of a cellular structure comprising successively stacked single melt-tracks (i.e. no hatch volume) in 

as-built condition. These show that the EBM as-built condition is comparable to the as-cast 

condition of the Cr-Mn-Ni 16-6-6 in terms of microstructure defects. Several stacking faults can 

be observed (bright contrast) that expand over several hundreds of nm due to a relatively low defect 

density and certain process-induced RS, e.g. thermal strains as in case of casting [415]. However, 

in contrast to numerous alloys processed by SLM including AISI 316L, no cellular dislocation 

substructure can be observed. This indicates significantly decreased RS compared to the SLM 

process as the sub-structure formation is associated to high internal stresses during processing and 

a decreased yield strength at elevated process temperatures [446]. 
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Figure 4.1 EBSD micrographs of a) specimen # 17 in as built condition [437] and b) horizontally built specimen; c) 

and d) corresponding EBSD texture plots and intensity scale bars to (a) and (b); e) and f) SEM-BSE micrographs of 

as-built condition of an EBM fabricated cellular structure (see main text for details). 

 

 The general observations regarding crystallographic texture, grain size and morphology are 

almost independent of the whole set of process parameters applied to this point (as emphasized in 

the next section) and, thus, the microstructure evolution is entirely contradictory compared to other 

additively processed alloys, where microstructure formation is mainly dictated by epitaxial growth 

of elongated grains as comprehensively discussed in section 2.2.2. This outstanding behavior can 

presumably be explained based on the characteristic temperature-dependent phase fraction 

evolution of the particular alloy combined with the complex thermal conditions within powder-bed 

based AM processes.  
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Figure 4.2 a) Vertical section of the calculated phase diagram of an iron-based CrMnNi16-X-6 alloy [437], b) calculated 

phase fractions corresponding to (a) for an alloy containing 6 wt.-% Mn, BP(*) denotes phase fractions. 

 

 Fig. 4.2 (a) shows the calculated phase diagram for an iron-based CrMnNi16-X-6 alloy 

revealing various important features [437]. Firstly, up to approximately 6 wt.-% Mn a primary 

ferritic solidification mode is predicted. Also, the alloy undergoes a bcc  bcc + fcc and further a 

bcc + fcc  fcc solid –solid phase transformation upon cooling. Supplementary, Fig. 4.2 (b) shows 

the corresponding phase fraction diagram for a Mn concentration of 6 wt.-% confirming a high 

amount of bcc phase at elevated temperatures (black solid line designated 1, (BP(*) designates the 

respective phase fraction). This cannot be extracted solely from the bcc + fcc field between 

approximately 1.200 °C and 1.400 °C disclosed by the vertical section of the pseudo-binary phase 

diagram. The equilibrium FeCr  phase is not observed in the presented work, which can likely be 

attributed to low formation kinetics under thermal conditions prevalent in the EBM process [437]. 

Since SEM investigations neither reveal significant bcc phase fractions nor hint on the formation 

of ferrite or martensite on parent austenite grain boundaries, the fcc  bcc phase transformation 

predicted for lower temperatures cannot be confirmed. The origin of the bcc phase fractions, which 

are identified by XRD analysis (Fig. 4.4) is not completely clear, yet. The diffraction peaks could 

potentially be induced by segregation-induced residual  ferrite. 
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Figure 4.3 Heat flow-temperature curve for a specimen with chemical composition equal to specimen # 17 determined 

by DTA; the inset highlights a discontinuity between 1215 °C and 1.230 °C [437]. 

 

 In order to verify the fcc  bcc + fcc transformation at elevated temperatures, a DTA has 

been performed. The associated heat flow-temperature curve obtained during specimen heating 

shown in Fig. 4.3 reveals a discontinuity in the temperature regime between 1.215 °C and 1.230 °C 

as magnified in the inset. This is a clear indication for the onset of the transformation from fcc to 

bcc phase and in very good agreement with the temperature prediction derived from Figs 4.2 (a) 

and (b). Further pronounced discontinuities in the heat flow at higher temperatures indicate partial 

and full melting (cf. Fig. 4.3). Fig. 4.4 (a) show the XRD pattern of the precursor steel powder and 

specimen # 17 as defined in Table 3.1 with a Mn concentration of approximately 5.7 wt.-%. With 

a fraction of (92 ± 2 %) the fcc  phase has been confirmed as prevalent phase in the respective 

specimen as quantified using Rietveld method. Moreover, (8 ± 2 %) bcc fractions were determined 

from the minor diffraction peaks. 
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Figure 4.4 a) XRD pattern of the precursor powder and specimen # 17 in as built condition and upon tensile deformation 

to uniform elongation; b), c) and d) texture plots as determined from XRD measurements of specimen # 17 in as-built 

condition (partially recompiled from [437]). 

 

 In order to produce components with a high density and good consolidation and metallurgical 

bonding between single layers, the energy input during EBM and SLM processing must be 

sufficiently high to (partly) remelt previously deposited layers. Therefore, every arbitrary layer 

(except the last one) is remelted at least once and the material experiences an intricate temperature-

time history, which is schematically illustrated in Fig. 4.5 (recompiled from [437], based on 

[31,155]). The remelting depth strongly depends on the applied process parameters [288] as well 

as variances like inhomogeneities in the deposition of the powder layer as comprehensively 

described in section 2.2.2. Moreover, the introduced heat is mainly dissipated by conduction 

through previously consolidated material since the surrounding powder has a low thermal 

conductivity, i.e. even material remote from the top surface is thermally affected and is potentially 

subjected to solid state transformation.  
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Figure 4.5 Schematic time-temperature history for CrMnNi steel of an arbitrary layer n indicating remelting and phase 

transformation upon melting of subsequent layers n + 1, n + 2 etc. (further layers not denoted for sake of clarity, 

recompiled from [437]). 

 

 In case of the particular high-alloyed CrMnNi austenitic steel under investigation this 

indicates that the alloy undergoes multiple partial or full remelting cycles as highlighted by crossing 

of the Tfcc+bcc bcc+Liquid and the Tbcc+Liquid Liquid temperatures, respectively. Furthermore, solid-solid 

transformations occur as indicated by the thermal cycling around the Tfcc fcc+bcc temperature. 

 In a previous examination Borisova et al. [447] determined the Nishiyama-Wassermann 

orientation relation (OR) by means of XRD and EBSD between bcc  ferrite and fcc austenite for 

a 17.2 wt.-% Cr, 5.5 wt.-% Ni and 5.8 wt.-% Mn TRIP steel produced by the Bridgman technique.  

 Thus, as suggested before, the remarkable microstructure evolution of the investigated alloy 

can be explained based on the intricate thermal conditions including multiple remelting and 

reheating sequences as well as the concomitantly occurring solid-liquid and solid-solid phase 

transformations. This implies that multiple bcc orientations can evolve from one parent fcc domain 

and vice versa according to the verified mutual OR. Apparently, this in summary prevents the 

formation of columnar grains and effectively mitigates crystallographic textures. Hence, the 

CrMnNi steel represents a novel alloy design for powder-bed based AM processes since process-

inherent characteristics are exploited for the evolution of a relatively fine-grained and weak 

textured microstructure, whereas microstructure control is potentially difficult for other materials 

and very sensitive to slight variances during processing (cf. section 2.2.2).  
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Figure 4.6 EBSD micrographs of a) the last layers of a cuboid from which the tensile specimens # 17 were extracted, 

b) last layers of a thin-walled structure fabricated by stacked single melt tracks as well as schematic illustrating the 

fabrication of hollow cuboids by contour melting; c) corresponding EBSD phase map to (a); d) texture plot and scale 

bar corresponding to (a) [437]. 

 

 An issue that subsequently arises from the proposed explanation of microstructure refinement 

by repeated thermal cycles is, how grain morphology and orientation develop within the uppermost 

domain of a component that is not affected by numerous subsequent remelting and reheating cycles. 

 Fig. 4.6 (a) displays an EBSD micrograph (color coding according to Fig. 4.1) of the cuboid 

from which the specimens # 17 for mechanical characterization have been extracted. Noticeably, 

the microstructure is almost homogeneous up to the top surface (BD is vertical) of the cuboid and 

no pronounced crystallographic texture evolves. This can also be derived from the texture plot in 

Fig 4.6 (d) indicating an intensity of 2.05. However, the grains are slightly elongated in BD as 

reflected by a GAR of 0.35, which is marginally smaller compared to the values obtained in the 

gauge length of the tensile specimens. This microstructure evolution can be explained based on the 

applied scan strategy, i.e. as comprehensively described in section 2.1.3, the powder is melted upon 

exposure by the EB that is deflected in a meander-shaped pattern. Hence, adjacent scan tracks 
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overlap and thermally affect each other, which has an effect similar to the repetitive thermal cycling 

due to consecutive melting of layers on top of each other. Consistently, the uppermost part of the 

thin-walled structure build up by sequential melting of vertically stacked single tracks is 

characterized by significantly coarser and more elongated grains (cf. Fig. 4.6 (b)). A grain refining 

effect is also observable, though, the grains close to the top surface are more elongated, i.e. have a 

lower GAR, compared to the bulky specimen in Fig. 4.6 (a). This can be correlated to the lack of 

thermal cycles induced by the melting of adjacent scan tracks within a single layer as the structure 

is built-up by single tracks. These findings are in good agreement with results on EB welding of 

the particular austenitic steel. The alloy is inherently characterized by a singular melting-

solidification sequence and, hence, a relatively coarse and columnar grain morphology is observed 

upon welding [448]. However, a considerable grain refinement with increasing distance to the top 

surface is observed, i.e. the number of remelting and reheating cycles, respectively, apparently has 

a paramount impact on grain refinement and texture dilution. This supports the presented 

explanation of microstructure evolution for austenitic steels with the chemical composition roughly 

in the investigated range of CrMnNi16-X-6 with  wt.-%. The assessment of the 

impact of ligament sizes and associated variations in scan strategy and energy input is scope of 

ongoing research. 

 This is relatively similar to results published by Schwerdtfeger et al. [449] on the EBM 

processing of Ti-48Al-2Nb-2Cr (at.-%). For certain process parameters they reported a coarse 

grained, columnar microstructure within the uppermost section of a specimen. Similar to the 

current study, a significant grain refinement with increasing distance to the top surface is observed, 

though, the transition zone is considerably sharper. Comparable to the presented explanation of 

microstructure evolution in metastable CrMnNi austenitic stainless steel, this behavior has been 

rationalized based on the process-inherent cyclic heat-treatment and the associated repeated 

TiAl  TiAl + TiAl and vice versa phase transformation. 

 

 Various approaches for the powder-bed based additive fabrication components with 

decreased grain size, texture and isotropy of mechanical properties have been reported for other Ti 

or Al recently as well. However, they all distinguish fundamentally from the presented explanation. 

Barriobero-Vila et al. [385] SLM processed Ti based powder blends with additions of 2 La wt.-% 

or 1.4 Fe wt.-% and 1 La wt.-%, respectively. Compared to unalloyed Ti or Ti64 alloy, the hcp Ti 

phase is characterized by a significantly lower crystallographic texture and more equiaxed grains. 
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They evidence this result by the phase fraction evolution and an alternative Ti formation path upon 

cooling. Ti forms according to a liquid + Ti  Ti peritectic reaction, i.e. Ti nucleates 

heterogeneously on solid-liquid interfaces and not on grain boundaries of the parent bcc Ti phase. 

Thereby, contrary to the martensitic Ti  'Ti transformation path, the Burgers orientation between 

those phases can be avoided yielding a pronounced texture reduction and globularization of the 

grain morphology. 

 Spierings et al. [350] and Nie et al. [450] have investigated the impact of Zr and Sc additions 

on the microstructure and mechanical properties of various Al-based alloys as Scalmalloy® 

(nominal composition of l4.6Mg-0.66Sc-0.42Zr-0.49Mn in wt.-%) and AlCuMg. The alloy 

modification with Zr or Sc yield the participation of Al3Zr or Al3Sc, respectively, particles from 

the liquid phase during cooling. These act as seeds for heterogeneous nucleation of the Al matrix 

and partly avoid columnar grain growth over multiple layers promoting the formation of finer and 

more equiaxed grains. Though, often a bimodal microstructure consisting of coarse and fine grains 

is reported, partly due to the segregation of these precipitations to the melt pool boundaries. 

However, the microstructure evolution and the impact of the scan strategy is not entirely clear yet. 

 Similar to the described results for modified Al and Ti based alloys, a benefit of the austenitic 

CrMnNi stainless steel introduced in the current study is that it exhibits a fine-grained 

microstructure already in EBM as-built condition. Therefore, elaborate post-processing is not 

necessary. This is in significant contrast to other AM manufactured materials. For example, 

Hengsbach et al. [451] report on a SLM processed duplex steel with a nominal composition of 

0.02 C, 0.38 Si, 1.54 Mn, 5.46 Ni, 22.78 Cr, 2.76 Mo and 0.16 N (in wt.-%). They show that the 

as-built condition is characterized by relatively large grains and predominantly bcc ferrite as the 

formation of fcc austenite is suppressed by the process-inherent high cooling rates. Therefore, the 

adjustment of a balance between fcc and bcc fractions for a desirable combination of mechanical 

properties as well as a concomitant grain refinement requires a recrystallization heat-treatment.  
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Figure 4.7 a) Engineering stress-strain curves for vertically built specimen (# 17, recompiled from [437]) and 

horizontally built specimen; b) schematic showing the specimen arrangement on the substrate plate with BD indicated 

vertical, LD refers to loading direction during tensile testing. 

 

 The quasi isotropic microstructure is also reflected in the tensile properties as can be derived 

from the stress-strain curves presented in Fig. 4.7 (a). It can be seen that the vertically and 

horizontally built specimen, i.e. with BD parallel or perpendicular to LD (loading direction during 

tensile testing), respectively, as defined in Fig. 4.7 (b), are characterized by nearly the similar yield 

and ultimate tensile strengths. Both conditions exhibit high total elongations up to 70 % with the 

difference of about 20 % being rationalized based on the significantly dissimilar density of LoF 

defects as observed in Fig. 4.8. With respect to the defects observed by fractography (cf. Fig. 4.8), 

this underlines the low degree of anisotropy of the EBM processed material in as-built condition 

and furthermore corresponds well with the indicated weak morphological and crystallographic 

textures as determined by EBSD analysis depicted in Figs 4.1 (a) – (b). 
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Figure 4.8 a) SEM micrographs showing fracture surface specimen # 17 upon tensile testing, b), c) and d) magnified 

views of the areas in (a) marked with white dashed rectangles (recompiled from [437]), e) SEM micrograph of fracture 

surface or horizontally built specimen, f), g) and h) magnified views of areas in (e) marked with black dashed 

rectangles. 

 

 The EBM processed material, i.e. in particular both conditions tested in Fig. 4.7, is 

characterized by balanced mechanical properties that are similar to conventionally processed 

counterparts [436], i.e. UTS above 700 MPa and total elongations beyond 50 %. This is even more 

remarkable taking results of fractographic examinations into account. Fig 4.8 depicts the fracture 

surfaces of the specimens, i.e. vertically (Figs. 4.8 (a) – (d)) and horizontally built (Figs. 4.8 (e) – 

(h)), respectively, upon tensile deformation to failure. These are associated to the stress-strain 

curves displayed in Fig. 4.7 (a). In both conditions large LoF defects are revealed with diameters 

up to approximately 430 μm (cf. Fig. 4.8 (d)). The defects found in the horizontally built specimen 

are significantly smaller which can be attributed to an increased line energy EL due to the increase 

in IB up to 9 mA. This also reduced the Mn content to approximately 5.0 wt.-% compared to 5.7 

wt.-% for specimen # 17. The impact of chemical composition is discussed in the next section. 

Though the differences in total elongation of approximately 20 % can be attributed to the distinct 

defect sizes, the impact of the inhomogeneities on the overall mechanical properties is considerably 

small as can be derived from Fig. 4.7 (a). 
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Figure 4.9 a) EBSD micrograph of specimen # 17 upon tensile deformation to uniform elongation showing orientation 

of indexed phases according to the provided color coding (superimposed with band contrast, plotted in BD indicated 

vertical); b) EBSD phase map corresponding to (a); c) XRD pattern of specimen # 17 corresponding to condition (a) 

(recompiled from [437]). 

 

 This is also confirmed for further specimens in the following section. The stress-strain curve 

reveals a remarkable damage tolerance of the metastable CrMnNi steel under investigation. This 

finding can be explained by the TRIP effect, i.e. deformation-induced martensitic transformation 

yielding high strain hardening. As can be seen in the EBSD micrographs in Fig. 4.9, showing (a) 

the crystallographic orientation with superimposed band contrast and (b) corresponding phase 

distribution of specimen # 17 upon tensile deformation to uniform elongation, the microstructure 

is characterized by a high density of deformation bands, large domains indicated as  martensite 

within highly deformed austenite as well as high fractions of ’ martensite. This corresponds well 
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to the XRD pattern presented in Fig. 4.9 (c), which specifies an increase of ’ phase fraction from 

(8 ± 2) in the as-built state up to (68 ± 2) %. Therefore, is can be deduced that the prevalent TRIP 

effect results in high strain hardening and ductility and significantly mitigates the impact of 

process-induced inhomogeneities. Due to a highly localized and intensified strengthening around 

defects acting as stress raisers phase transformation is triggered in very early stages of deformation, 

preventing necking and premature failure. The beneficial influence of this shielding effect on the 

low-cycle fatigue performance will be also shown in the remainder. 

 

 The particular metastable CrMnNi austenitic steel consequently is a promising novel alloy 

design addressing some of the major current issues in AM that were discussed and deduced in 

section 2.2. The alloy is a considerable step towards the manufacturing of components with reliable 

and reproducible microstructure and mechanical properties as well as a remarkable tolerance 

towards process-inherent defects. The latter usually poses significant challenges to AM fabricated 

materials as comprehensively described in sections 2.2.1 and 2.2.2, respectively. 
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4.2. Tailoring of Mechanical Properties and Mn Concentration by EBM Processing 

 

Correlation between Process Parameters and Chemical Composition 

 

 Evaporation of alloying elements is a well-known phenomenon in metallurgy, various EB 

processes as well as AM. It has been demonstrated numerously, e.g. by Schwerdtfeger et al. [449] 

for EBM manufactured TiAl alloy, Haase et al. [254] for high Mn containing TWIP steel 

processed by SLM and Brice et al. [452], who reported up to 65 % Mg loss upon EB direct energy 

deposition of Al2139 aluminum alloy. Such alterations are usually unfavorable since they can 

significantly influence phase stabilities, solidification sequences and the fraction of strengthening 

precipitates. 

 

 
Figure 4.10 Correlation between volumetric energy density Evol and associated Mn fraction upon EBM processing for 

specimens defined in Table 3.1, i.e. # 1 - # 8 (IB = 15 mA, defined by open circles), # 9 - # 18 (defined by open squares), 

# 19 – # 27 (defined by solid squares) and #28 - # 36 (defined by open rhombuses) (partially recompiled from [437]). 

 

 Within the investigated metastable austenitic steel the alloying element Mn is very volatile 

and prone to evaporation during the EBM process, which is characterized by numerous melting 

and solidification sequences. Mn exhibits a high vapor pressure [453] and an evaporation 

temperature at an ambient pressure of approximately 1.33 × 10-3 mbar of about 850 °C, which is 

even lower than that of aluminum (~1080 °C) and significantly lower than that of Fe (1.320 °C), 

Cr (1.260 °C) and Ni (1.360 °C) as summarized by Das [275]. 
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 Fig. 4.10 provides an overview of the Mn contents of the specimens defined in Table 3.1 as 

a function of the applied volumetric energy density Evol.  

 

 In the diagram it is differentiated between batches that were processed with varying beam 

currents IB, scan speeds VS and hatch distances l: 

(i) Open circles define specimens # 1 - # 8, melted with IB of 15 mA, varying VS and l, 

resulting in Evol values of approximately 31.3 Jmm-3 and 34.3 Jmm-3, respectively [437]; 

(ii) Open squares define specimens # 9 - # 18, melted with IB of 7.5 mA, VS ranging from 

2.250 mms-1 to 5.100 mms-1 and l ranging from 0.025 to 0.1 mm [437]; 

(iii) Solid squares define specimens # 19 - # 27, melted with constant IB of 7.5 mA, varying 

VS and constant l of 0.075 mm; 

(iv) Open rhombuses define specimens # 28 - # 36, melted with IB of 7.5 mA, varying VS 

and constant l of 0.09 mm; 

 

 It can be deduced that the Mn fraction decreases continuously with increasing Evol in case of 

the specimens melted with 7.5 mA as highlighted by the solid (specimens # 9 - # 18), the dotted 

(specimens # 19 - # 27) and the dashed trend-lines (specimens # 28 - # 36). For certain parameters 

and scan strategies, resulting in maximum Evol values of 70.6 Jmm-3, the Mn content can be reduced 

by approximately 50 % compared to that of the precursor powder. This can be attributed to a 

facilitated evaporation of Mn with increasing temperatures within the melt pool and increased 

remelting depth due to higher volumetric energy input as well as a higher line energy (in case of a 

decrease of the scan speed) EL. This value designates the energy per length unit and is defined as 

. From the data of specimens # 1 - # 8 (specimens melted with IB of 15 mA) it 

can be deduced that the Mn content can also vary even when Evol is kept constant and, hence, the 

evolution cannot be explained solely based on Evol or EL, respectively. The return time tr, as 

introduced in section 2.1.3, has to be taken into account. In the applied meander scan strategy, 

single scan tracks are significantly affected by the residual heat of the preceding track. Especially 

the time until repetitive heating of melted material due to the exposure of the subsequent scan line 

determines the heat loss by conduction, the maximal temperatures of the melt pool and whether the 

material is solidified or still liquid. Besides the magnitude of energy input per single scanned line, 

this factor presumably has a paramount effect on the amount of vaporized Mn [437]. It also explains 

the significantly lower Evol values for specimens melted with IB of 15 mA, as the VS was 
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comparably high resulting in a decreased tr and, thus, thermal diffusion length lth. However, a 

comprehensive derivation of the impact of single process parameters on as-built Mn concentration 

is unfortunately not possible based on the limited amount of specimens. Though, the findings are 

supported by the work from Prashant et al. [331], Bertoli et al. [332] and Mishurova et al. [127], 

who focused on the evolution of residual stresses and porosity, demonstrating that Evol is not 

necessarily an appropriate parameter capable to describe the intricate powder-bed based processes 

SLM and EBM. 

 The return time tr also rationalizes the common Evol vs. VS process window plotted in 

Fig. 4.11 (a) for the specimens # 7, # 8 and # 19 - # 36 (other specimens are not shown due to the 

variation in hatch distances). All specimens are characterized by a porosity below 1 % as 

determined by the Archimedean principle. It can be deduced that the required Evol decreases with 

increasing scan speed, which is a consequence of the heat loss by conduction that is higher for low 

VS. Manufacturing components at high VS and concomitantly high Evol is a potential way to 

increase the build rates and the energy efficiency of the process. In Fig. 4.11 (b) the process window 

is shown again with VS replaced by the thermal diffusion length lth. This has been calculated 

according to  (tr is the quotient of scan length and scan speed VS) for the 

constant scan length of 20 mm and with a thermal diffusivity  of 6 × 10-6 m²s-1. The latter is the 

mean value between the solid and liquid phase of AISI 304 [78]. The diagram reveals an almost 

linear correlation between lth and Evol and provides the advantage of facilitated process parameter 

selection and derivation for varying scan lengths. Besides the numerous process parameters and 

the material dependent parameter , this approach also implements a geometry parameter and, 

therefore, is more capable to capture the complex process conditions in powder-bed based AM 

technologies. The general applicability to other alloys has been demonstrated by Helmer [82] and 

Scharowsky [83] for IN718 and Ti64. The scan length is a commonly underestimated factor in 

powder-bed based AM considerations. It has a considerable effect on defect density, melt pool 

dimensions and microstructure evolution as well as residual stress formation. Future work on the 

presented CrMnNi stainless steel and other novel materials is consequently recommended to take 

this into account [69,73,115]. 
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Figure 4.11 a) Process window showing the correlation between VS and Evol for specimens # 7, # 8, and # 19 - # 36; 

b) Correlation between thermal diffusion length lth and Evol for specimens shown in (a). 

 

Correlation between Chemical Composition, Microstructure and Mechanical Properties 

 

 There are mainly two reason to evaluate the correlation between the EBM processing 

parameters, the chemical composition and resulting mechanical properties for austenitic CrMnNi 

steels. Firstly, as described in section 2.1.3, it is potentially necessary to adjust the process 

parameters within single or subsequent layers in order to produce complex parts without local 

overheating or porosity due to insufficient energy input. In the EBM control software this is 

implemented by the automatic functions, e.g. speed-, thickness- or turning point function (cf. 

section 2.1.3). Since any adaptions of process parameters can result in distinct chemical 

compositions, it is important to assess the homogeneity of the mechanical properties throughout 

arbitrary parts. Moreover, since an alteration of the chemical composition can be achieved by a 

precise variation of the process parameters, it is theoretically possible to obtain parts with locally 

tailored mechanical properties from one precursor powder. This can be established by a purposeful 

evaporation of the alloying element Mn, which has a significant impact on the phase stabilities, the 

stacking fault energy (SFE), prevailing deformation mechanism and, thus, mechanical properties 

[299,410,416]. 

 Therefore, five specimens, i.e. # 25, # 23, # 29, # 20 and # 19, respectively, defined in Table 

3.1, processed with different line offsets and scan speeds and, hence, Mn contents ranging from 

approximately 3.3 wt.-% to 6.2 wt.-% as determined by EDS, were microstructurally and 

mechanically examined. In Fig. 4.12 the EBSD micrographs of the specimens in as–built condition 
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are depicted revealing that all batches are consistently characterized by a relatively fine-grained, 

almost fully austenitic microstructure. 

 
Figure 4.12 EBSD micrographs (color coding provided for fcc austenite phase) of tensile specimens a) # 25, c) # 23, 

d) # 29, e) # 20 and f) # 19 in as-built condition; b) texture plot and associated intensity scale bar for (a). 

 

 In Fig. 4.12 (b) the representative texture plot corresponding to specimen # 25 is provided, 

indicating a maximum texture intensity of about 1.85. EBSD analysis also yields an average area-

weighted grain size of approximately 22 μm and a GAR of 0.4. Thus, the presented microstructures 

are in good agreement with the results shown in the previous section 4.1 and verify the explanation 

of the microstructure evolution of the investigated CrMnNi steel, i.e. the formation of a weak 

crystallographic texture and relatively fine, almost equiaxed grains due to the exploitation of the 
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EBM-inherent complex thermal conditions and associated phase transformations. As 

aforementioned, this feature is apparently independent of the applied process parameters so far.  

 Fig. 4.12 (a) shows the engineering stress-strain curves for the investigated batches. The Mn 

contents, ultimate tensile strength (UTS) and total elongation t are summarized in Table 4.1. It can 

be seen that specimen # 25 exhibits the lowest UTS and t (mechanical behavior is superimposed 

by large defects as shown in the remainder), followed by specimens # 20, # 23 and # 29, which 

reveal nearly similar tensile properties. Specimen # 19 with the lowest Mn content shows highest 

UTS and concomitantly slightly decreased elongation to fracture. Specimen # 29 additionally 

emphasizes the isotropic character of the alloy EBM as-built state, as it is almost similar in Mn 

concentration and mechanical properties as the horizontally built specimen discussed in the 

previous section (cf. Fig. 4.7). 

 
Table 4.1 Overview of Mn concentrations and mechanical properties of specimens corresponding to Fig. 4.12 and 
Fig. 4.13. 

Specimen Mn [wt.-%] UTS [MPa] t [%] 

# 25 6.2 765 50 

# 23 5.6 863 64 

# 29 4.9 870 65.5 

# 20 4.3 872 67 

# 19 3.3 914 57.5 

 

 The differences among different batches are more pronounced when considering the true 

stress vs. true strain curves and associated strain hardening curves defined as the derivation d true 

/ d true in Fig. 4.13 (b). Specimen # 25 with the highest Mn content of about 6.2 wt.-% also shows 

the least pronounced hardening, specimens # 23 with approximately 5.6 wt.-% Mn exhibits slightly 

decreased strain hardening but higher total elongation and equal UTS compared to # 20 and # 29, 

which reveal almost identical mechanical response also in terms of strain hardening. 
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Figure 4.13 a) Engineering stress-strain curves for tested specimens, green: # 25, light-blue: # 23, blue: # 29, red: # 20 

and black: # 19; b) true stress-strain curves and strain hardening curves calculated from (a); Mn fractions are provided 

in wt.-% according to Table 3.1. 

 

 Expectedly, specimen # 19 with considerably reduced Mn content of about 3.3 wt.-% exhibits 

most pronounced strain hardening which agrees well with studies by Wendler at al. [417], who 

investigated metastable CrMnNi14-X-6 (wt.-%) austenitic steel with varying Mn fractions. They 

reported that a depletion of Mn yields higher UTS and lower elongation to fracture, which is 

explained based on the impact on SFE, the reduced austenite stability and, hence, increased 

martensitic phase transformation kinetics and enhanced TRIP effect, respectively. The 
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deformation-induced phase transformation yields strengthening by the dynamic Hall-Petch effect 

(e.g. [407,411]) and successive microstructure refinement as described in section 2.3.  

 This behavior is also supported by the results obtained from microstructure examinations 

using the EBSD technique. Figs. 4.14 (a), (c) and (e) show EBSD band contrast micrographs (also 

referred to as Image Quality or Kikuchi Band Quality) of specimens # 25, # 29 and # 19 with Mn 

concentrations of 6.2 , 4.9 and 3.3 wt.-% , respectively, upon deformation to uniform elongation. 

Hence, this state corresponds to the XRD pattern provided in Fig. 4.15 (b). 

 From the micrographs it can be deduced that a high density of deformation bands forms on 

numerous activated slip systems. The corresponding phase maps in Figs. 4.14 (b), (d) and (f) reveal 

that with increasing Evol and depletion of Mn the fraction of domains indexed as fcc and hexagonal 

 martensite decreases and for specimen # 19 bcc ’ martensite is the dominant phase. These 

observations are verified by statistically more relevant XRD measurements of specimens # 25, 

# 20, # 23 and # 19, respectively, as shown in Fig. 4.15 for as-built condition (a) and upon tensile 

testing to uniform elongation (b). Quantitative analysis by Rietveld refinement reveals 

predominantly fcc austenite in as-built condition, whereas martensite is the dominating phase upon 

tensile deformation. With decreasing Mn concentration the fraction of domains identified as  

martensite diminishes, i.e. for specimens # 25 and # 23 (16 ± 2) vol.-% and (3 ± 1) vol.-%, 

respectively, of  martensite were detected. In specimens # 20 and # 19 apparently the 

’ martensite has evolved on the expanse of  martensite so that high fractions of bcc phase of (84 

± 2) vol.-% and (92 ± 3) vol.-%, respectively, and no hexagonal phase were quantified. Thus, the 

highest bcc fraction has been determined for the specimen with lowest Mn content and vice versa 

the lowest bcc fraction has been determined for specimen # 25 ((51 ± 4) vol.-%) with highest Mn 

content being entirely consistent with the EBSD investigations and the resulting mechanical 

behavior indicating most pronounced TRIP effect for specimen # 19.  
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Figure 4.14 a), c) and e) EBSD band contrast micrographs of specimens # 25, # 29 and # 19, respectively, upon tensile 

deformation to uniform elongation; b), d) and f) EBSD phase maps (red: fcc, blue: bcc, yellow: hex. phase) 

corresponding to (a), (c) and (e), respectively; g) BSE micrograph of specimen # 29; h) magnified view of (g). 

 

 Supplementary, Figs. 4.14 (g) and (h) show BSE-SEM micrographs of specimen # 29 upon 

tensile testing to uniform elongation. Compared to the BSE-SEM micrographs of the as-built state 

in Figs. 4.1 (e) and (f), in this depiction at higher magnification a highly deformed microstructure 
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is disclosed, including a high density of slip bands emphasizing the general deformation 

characteristics of the alloy as revealed by EBSD examinations. 

 

 
Figure 4.15 XRD pattern for the designated specimens and corresponding Mn concentrations in a) as-built condition 

and b) upon tensile deformation to uniform elongation. 
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 The deformation is based on the motion of partial dislocations, the expansion of stacking 

faults, associated formation of domains with hexagonal stacking order of the {111}  planes and 

subsequent transformation to ’ martensite (cf. section 2.3). Due to the significant interaction of 

microstructural features and overlapping of stress fields, no isolated defects in the fcc matrix can 

be discriminated. Moreover, from the EBSD data the presence of 3 twinning boundaries has not 

been determined. This would probably require further in-situ analysis upon tensile deformation 

upon smaller strain increments. 

 These defect structures also contribute to a pronounced XRD peak broadening, which can be 

seen in the diffraction pattern in Fig. 4.15 (b). For a comprehensive evaluation of this phenomenon 

as well as an assessment of the contribution of narrowly arranged stacking faults to the  martensite 

or the fcc peak intensity, the reader is referred to Rafaja et al. [454,455], Ullrich et al. [456], Martin 

et al. [409] and Borisova et al. [415]. 

 

 
Figure 4.16 Fracture surfaces of tensile specimens a) # 25, c) # 23 and e) # 19; b), d) and f) magnified views of the 

white dashed rectangles highlighted in (a), (c) and (e). 

 

 Fig. 4.16 shows representative fracture surfaces of specimens (a) # 25, (c) # 23 and (e) # 19, 

respectively, as well as magnified views of the dominant defects as marked with white dashed 

rectangles. It can be seen that the scan strategy and nominal Evol of specimen # 25 results in large 
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LoF defects of about 300 μm in diameter and conglomerations of unmelted powder particles. These 

defects are likely to superimpose the variance in mechanical behavior induced by differences in 

chemical composition, though, the evaluation of the respective extent requires further 

investigations. Contrarily, increased Evol or decreased VS, respectively, significantly improve 

consolidation of the powder, i.e. the fracture surface of specimen # 23 still reveals typically large 

LoF defects, but no unmelted powder and with further increasing Evol in specimen # 19 the 

prevailing defects are spherical pores, which originate either from entrapped gas (cf. 2.2.1) in the 

precursor powder or so-called keyhole phenomena [57]. 

 Considering the size of the process-induced inhomogeneities, the corresponding mechanical 

properties and the microstructures prior and upon tensile deformation, the material reveals an 

outstanding damage tolerance being in line to the results presented in section 4.1 [437]. This is 

attributed to the high ductility and the TRIP effect yielding high strain hardening, retardation of 

local necking and, hence, the mitigation of the detrimental effect of the large and numerous defects.  

 It can be further concluded that it is basically possible to manufacture CrMnNi austenitic 

stainless steel specimens with tailored mechanical behavior from one prealloyed precursor powder 

feedstock using EBM by the intentional evaporation of the alloying element Mn through a precise 

adjustment of the process parameters and scan strategy. In the subsequent chapter, it is corroborated 

that these findings could be principally employed as a foundation for the fabrication of functionally 

graded components. The Mn concentration can be tailored on a macroscopic scale through the 

implementation of a spatially varying scan strategy throughout the specimen. The advantage of the 

metastable CrMnNi stainless steel compared to other alloys like AISI 316L and IN718, where a 

gradation has been demonstrated [252,258], is that a gradient of mechanical behavior is 

theoretically possible without introducing a strong crystallographic texture and associated high 

anisotropy. Instead, the different domains of a functionally graded part in themselves could be 

characterized by almost homogeneous and isotropic properties, being potentially beneficial for 

multi-axially loaded components or the prediction of mechanical behavior. 

 Though, from the presented results it can also be deduced that process parameters can be 

adjusted within a certain process window without substantial impact on the mechanical properties. 

As previously detailed, this is important with regard to the EBM fabrication of complex shaped 

geometries requiring noticeable process modifications, i.e. continuous variations of VS and IB to 

avoid heat accumulation, distortion and defect formation (recently also obtained by a variation of 

the line order [52]). So far, for the particular alloy studied, this does not necessarily have a 
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detrimental effect on mechanical homogeneity. This behavior is remarkably outstanding and 

unique, as variations of any of the process parameters or the process setup (build orientation, 

arrangement on the start plate) are consistently reported to result in fundamental differences 

regarding density, microstructure evolution, residual stress formation and associated tensile and 

fatigue properties (cf. section 2.2 and, e.g. [60,72,73,457–461]). 
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4.3. EBM Processing of Chemically Graded CrMnNi Stainless Steel Structures 

 

 The previously presented results clearly point out that it is possible to manufacture specimens 

with different chemical composition and resulting mechanical properties by EBM from one 

homogeneous precursor powder material. Therefore, the objective of further examinations is the 

EBM processing of structures with spatially varying chemical compositions. As detailed in section 

2.2, this is a novel approach for the fabrication of functionally graded materials (FGM). It is 

substantially different from other concepts like geometrical or microstructural grading. Moreover, 

it is beneficial compared to other approaches for additive FGM production by powder-bed based 

or freeform fabrication methods that employ powder blends. The steel powder that is not melted 

during EBM processing can be recycled for processing and reused without any elaborate post-

processing or separation steps. In this section, results on the processing of three different specimens 

that are detailed in Fig. 3.3 are discussed. Firstly, the specimen built up by two vertically stacked 

identical cubes processed with distinct VS is characterized by EBSD and EDS element mapping. 

Subsequently, the chemical heterogeneity of the specimens comprising a layer melted with 

increased Evol with a nominal thickness of 1 mm or 5 mm, respectively, is examined. 

 

 Figs. 4.17 (b) and (c) show EBSD micrographs of the homogeneous sections of the graded 

specimen melted with scan speeds of 1.700 mms-1 and 4.000 mms-1, respectively. Fig. 4.17 (a) 

defines the respective regions of interest. The domain fused with higher Evol (gray shaded) is 

characterized by slightly coarser elongated grains, which is reflected by a grain size of 37 μm and 

a grain aspect ratio (GAR) of 0.37. The domain melted with lower Evol, i.e. higher VS, exhibits 

more equiaxed grains with an average size of 30 μm and a GAR of 0.6. The crystallographic texture 

in both cases is approximately 1.9 and 1.6, respectively, which is in good agreement with the theory 

of microstructure evolution and the general results presented in the previous sections. Fig. 4.17 (d) 

depicts the EBSD micrograph of the transition zone between the areas melted with distinct process 

parameters. The black dashed rectangle in (a) roughly marks the zone determined as transition 

between the lower and uppermost parts of the EBM processed cuboids, built at VS of 4.000 mms-1 

and 1.700 mms-1, respectively. 
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Figure 4.17 a) Schematic of the specimen EBM processed with 4.000 mms-1 in the lower section (open) and 

1.700 mms-1 in the gray shaded uppermost section (BD is horizontal); b) and c) EBSD micrographs and corresponding 

texture intensity plots of the homogeneous domains of the specimen as designated by (i) and (ii), respectively, in (a); 

d) EBSD micrograph of the transition zone (marked with (iii) in (a)) and corresponding texture intensity plots of the 

areas marked with black dashed rectangles. 
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 The coarser-grained domain, assigned to the high Evol section, is characterized by a grain size 

of 38.6 μm and a GAR of 0.4. For the finer-grained area an average grain size of 26.5 μm and a 

relatively high GAR of 0.8 have been determined. Additionally, the texture intensities of 2.3 and 

1.4, as supplemented in Fig. 4.17 (d), correspond well with the values given in Fig. 4.17 (b) and 

(d). These values were obtained from the areas marked with black dashed rectangles in the EBSD 

micrograph in Fig. 4.17 (d). 

  However, the separation of the sections, in terms of a clear dividing line, is not trivial and 

clearly definable. The shift in size and morphology of the grains, taken as a first criterion, is 

accomplished within a few hundreds of μm, probably between the black dashed rectangles in 

Fig. 4.17 (d). This spatial extension of the transition zone is therefore comparable to the transition 

from strongly columnar and textured to more equiaxed microstructures as reported by Niendorf et 

al. [252] and Popovich et al. [258] for SLM processed AISI 316L and IN718, respectively. They 

fabricated FGMs by the application of various laser sources and process parameters (the 

background is comprehensively described in section 2.2.2). However, the differences in grain size 

and shape are significantly less pronounced in the presented case. 

 The microstructure of the EBM processed CrMnNi steel specimen shown in Fig. 4.17 

generally complies with the description presented in section 4.1. Independent of the applied process 

parameters a relatively fine-grained and weak texture evolves. Though, the regions melted with 

increased Evol are consistently characterized by slightly increased grain sizes and elongation in BD 

as reflected by the given GAR. Similar results have been observed comparing the microstructure 

of the EBM processed cuboidal specimens (cf. Fig. 4.7 (b)) and the cylindrical specimens fabricated 

for LCF testing (cf. [444] for details). The horizontally built cuboid (see section 4.1) is 

characterized by a finer grain size compared to the vertically built, both having similar dimensions. 

Noticeably, the horizontally oriented part has been melted with increased Evol, i.e. increased IB of 

9 mA. The LCF specimens, as discussed by Droste et al. [444], reveal an increased grain size 

(approximately 32 μm) and a slightly elongated morphology, despite identical parameters were 

used as for the vertically built specimen (parameters of specimen # 17 as defined in Table 3.1). 

Even if a correlation is currently not comprehensible or statistically evidenced, an explanation 

could be a dependence of the microstructure on the scan length, return time and thermal diffusion 

length as already discussed in the previous section. Thus, the current results, that conclude an 

increase in grain size with decreasing scan length, have to be verified as this was beyond the scope 

of this study. Moreover, an examination on the isolated impact (i.e. irrespective of Mn 
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concentration) of the grain size on the mechanical behavior according to the Hall-Petch relation, 

i.e. Re depending on D-0.5, is pending. 

 The EDS mapping of section (iii) marked in Fig. 4.17 (a), i.e. corresponding to the EBSD 

micrograph in Fig. 4.17 (d), showing the distribution of the main alloying elements Fe, Cr, Mn and 

Ni, is provided in Fig. 4.18. No significant differences in chemical composition can be observed 

between the domains melted with distinct Evol or VS, respectively. Unfortunately, EDS method is 

not capable to capture chemical gradients at such a large scale, despite the differences in Mn content 

in the homogeneous specimens were determined in the range of approximately 2.5 wt.-% 

(considering specimens # 19 (3.3 Mn), # 24 (5.7 Mn) and # 25 (6.2Mn in wt.-%) in Table 3.1). 

 

 
Figure 4.18 EDS mapping depicting the distribution of the main alloying elements Fe, Cr, Mn and Ni of the transition 

area designated with (iii) in Fig. 4.17 (a). 

 

 Figs. 4.19 (c) and (d) depict the results from EDS line scans (for the sake of clarity only the 

Fe and Mn distributions are plotted) of the EBM processed cuboids with intermediate Mn depleted 

zone. Areas with nominal thickness of 1 mm and 5 mm, respectively, were incorporated in the 20 

× 20 × 40 mm³ parts. These were melted with increased Evol at a VS of 1.700 mms-1, contrarily the 

bordering symmetric cuboids were melted at 4.000 mms-1. The line investigated by EDS is 

indicated roughly in red in Figs. 4.19 (a) and (b). Due to the vertical dimension of the intermediate 

layer in Fig. 4.19 (b) (gray shaded region), only approximately half of the area can be captured by 

EDS.  

 In contrast to the EDS mapping, line scans apparently are suitable for the qualitative 

examination of chemical heterogeneities. For both specimens a gradient in Mn concentration 

between the regions melted with high and low Evol is observable in BD. Is can be seen that the Mn 
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concentration in the regions melted with low Evol fluctuates around approximately 6 wt.-%. As 

mentioned above, this is in line with the Mn contents determined for the specimens # 24 (5.7 wt.-

% Mn) and # 25 (6.2 wt.-% Mn) that were EBM processed at VS of 3.700 mms-1 and 4.100 mms-1, 

respectively. In the areas melted with increased Evol (gray shaded in Figs. 4.19 (a) and (b)), the Mn 

concentration drops to average values of about 4 wt.-% in both specimens, with a simultaneous 

increase in Fe fraction.  

 
Figure 4.19 a) and b) Schematic depiction of the specimens processed by EBM with Mn depleted zone (gray shaded) 

with nominal thickness of 1 mm or 5 mm, respectively (BD is horizontal); c) and d) EDS line scan results depicting 

the Fe and Mn concentration along the red lines in (a) and (b), respectively. 
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 This value is slightly higher than for the specimen # 19 (3.3 wt.-% Mn) fabricated using 

similar process parameter (note: two different ARCAM A2X EBM machines were utilized for 

processing of the specimens; the investigation of a possible impact in case of the particular CrMnNi 

steel is currently pending). It is arguable, whether this is influenced by significant Mn diffusion at 

the high EBM process temperatures, or if a certain concentration balance takes place due to 

convection in the remelted sections during repetitive consolidation of powder layers. Since the 

energy input is high enough to obtain metallurgical inter-layer bonding, a chemical homogenization 

between sections melted with high or low Evol, respectively, cannot be excluded. Considering the 

vertical dimension of the transition zone, the Mn concentration profiles in Figs. 4.19 (c) and (d) are 

in agreement with the EBSD micrographs discussed for Fig. 4.17 (d). The transition from the 

sections melted with different Evol, which results in varying Mn contents, is accomplished within a 

few hundreds of μm. This corresponds well with the shift of microstructure in terms of slight 

increase in grain size, texture and elongation in BD (cf. Fig. 4.17). 

 

 In conclusion, it has been demonstrated that it is basically possible to process chemically 

graded metastable CrMnNi austenitic steel components by EBM. The results on the fabrication of 

homogeneous specimens with altered Mn contents can be principally transferred to the 

manufacturing of functionally graded parts. The implementation of a precise spatial adjustment of 

the process parameters enables controlling the evaporation of the alloying element Mn. However, 

based on these preliminary results some fundamental issues could be addressed in future work, 

e.g.: 

- Investigation of the maximal achievable differences in Mn concentration for the particular 

CrMnNi alloy; 

- Analysis of associated mechanical properties in the differently processed sections; 

- Examination of three-dimensional chemical gradients and exploration of complex 

designed functionally graded geometries. 
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4.4. Low-Cycle Fatigue Properties and Cyclic Deformation Response 

 

 Fig. 4.20 (a) depicts the total strain controlled fatigue life curve for the EBM processed 

CrMnNi steel as well as the hot pressed (HP) counterpart [444]. The HP specimens are 

characterized by an average grain size of approximately 14 μm, as determined by EBSD 

measurements, and 6.0 wt.-% Mn. For the EBM specimens that were fabricated using the process 

parameters of specimen # 17 (cf. Table 3.1), an average grain size of 32 μm and a Mn fraction of 

6.4 wt.-% have been determined, which is almost equal to the precursor powder feedstock. 

 Droste et al. [444] performed computed tomography (CT) and observed a high relative 

density of 99.99 % for the HP material and a significantly decreased density of 99.4 % for the EBM 

as-built condition. The relatively high porosity is also revealed by the representative fracture 

surface shown in Fig. 4.20 (c). Similar to fracture surfaces of specimen # 17 upon tensile testing, 

severe LoF defects of about 500 μm in diameter and conglomerates with unmolten powder (cf. 

magnifications in Figs. 20 (d) and (e)) acting as crack initiator can be observed. 

 Despite this significant difference in void density and size distribution (cf. [444] for details), 

the EBM specimens exhibit a surprisingly good low-cycle fatigue (LCF) performance, i.e. almost 

similar to the comparably dense HP material up to 104 cycles. This confirms the outstanding 

damage tolerance of the particular alloy, which has also been demonstrated for quasi-static 

loading [437]. Though, whereas the fatigue lives are almost similar at high strain amplitudes, they 

diverge with increasing number of cycles to failure. Besides the decreased size and frequency of 

defects, this behavior can also be attributed to the increased monotonic strength of the HP 

specimens (cf. [444] for stress-strain response) yielding higher fatigue lives in the high-cycle 

fatigue (HCF) regime. Furthermore, the contribution of fatigue crack initiation on overall fatigue 

endurance has to be taken into consideration, i.e. it is known that the HCF regime is dominated by 

fatigue crack initiation, while LCF life is determined by fatigue crack growth [462]. Thus, it can 

be presumed that the EBM specimens do not exhibit a crack initiation stage under the presence of 

such detrimental LoF defects and instead, the fatigue performance is predominantly determined by 

crack propagation. Contrarily, such crack initiation stage, which poses a high fraction of the overall 

fatigue life, can be presumed for the HP material which explains the differences in fatigue lives 

beyond 104 cycles as well as the considerable low scatter of fatigue data [444] (cf. also section 

2.2.1). 

 



Results and Discussion  89 

 
Figure 4.20 a) Total strain amplitude vs. fatigue life curve for EBM as-built condition and the HP counterpart [444]; 

b) cyclic deformation curve for EBM as-built condition [444]; c) Representative fracture surface of specimen cyclically 

deformed at t/2 = 0.8 10-2; d) and e) magnified views of defects marked with (i) and (ii) in (c) [444]; f) and g) EBSD 

micrograph and corresponding phase map (red: fcc, blue: bcc, yellow: hex. phase) of a specimen deformed at 

t/2 = 0.3 10-2 revealing the microstructural effect of a large LoF defect (BD||LD is vertical). 

 

 The remarkable tolerance of the austenitic CrMnNi steel towards process-induced defects 

can also be related to the high ductility and the deformation-induced phase transformation. 

A pronounced TRIP effect under fatigue loading can be derived from the cyclic deformation curve 

of the EBM as-built condition in Fig. 4.20 (b). Similar to the HP counterpart the EBM specimens 
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are characterized by a slight initial cyclic hardening and subsequent softening at low total strain 

amplitudes, which is attributed to an increase in dislocation density and further rearrangement and 

annihilation [444,463]. 

 With increasing strain amplitude the cyclic softening is replaced by a regime of an almost 

steady state behavior at medium amplitudes to a continuous cyclic hardening at high total strain 

amplitudes of about 0.6 × 10-2 (cf. Fig. 4.16 (b)). However, all specimens reveal a pronounced 

hardening and associated considerable increase of the slope of the cyclic deformation curves, 

triggered by the onset of a’ martensite formation. The HP material exhibits a qualitatively similar 

behavior, though, the initial cyclic stress response is increased (due to increased monotonic strength 

based on the Hall-Petch relation) and the onset of a’ martensite formation is shifted to higher 

number of cycles. This can be rationalized based on the apparent SFE. It has been shown for various 

TRIP/TWIP steel grades that the SFE and characteristic martensite transformation temperatures as 

Ms strongly depend on the austenite grain size, i.e. the martensite formation rate decreases with 

decreasing grain size. Consistently, the ’ martensite factions upon fatigue testing in the EBM 

material are higher compared to the HP counterpart. This is also in line with findings from strain 

controlled fatigue testing of austenitic CrMnNi stainless steel in as-cast state [430,464,465]. 

 Thereby, it can be deduced that an increase in total strain amplitude causes a significant 

increase in the fraction of cyclic deformation-induced ’ martensite and the related maximum 

stress amplitude as well as a shift of the onset of martensite formation to a lower number of cycles 

[444,466,467]. This can be rationalized based on the increase of cumulated plastic strain with 

increasing total strain amplitude and, therefore, increase of nucleation sites of ’ martensite, i.e. 

lattice defects, hexagonal  martensite domains, isolated shear bands or shear band intersections. 

As examined by Droste et al. [444], the onset of the cyclically induced phase transformation and 

related pronounced hardening also depend on other factors like the austenite stability and depletion 

of Mn, respectively, as well as the grain size affecting the apparent SFE and transformation 

kinetics. The evaluation of the respective contributions to cyclic deformation behavior, however, 

requires further investigations. 

 The EBSD orientation map and corresponding phase map in Figs. 4.20 (f) and (g) further 

emphasize the strong relation between the TRIP effect and the remarkable damage tolerance of the 

metastable CrMnNi steel processed by EBM. Fig. 4.20 (f) reveals a relative homogeneous 

microstructure evolution in line with previously shown findings, which is not significantly 

disturbed by the large LoF defect. The phase mapping in Fig. 4.20 (g) discloses a considerably 
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intensified phase transformation rate within the areas that are presumably affected by a stress 

increase induced by the sharp radii of the defect, exemplarily marked with white arrows. The stress 

concentration at these spots, provided LD is vertical as in this case, yields pronounced hardening 

as can be concluded from the large domains indexed as  or ’ martensite (yellow and blue, 

respectively), which significantly prevents rapid crack propagation at early stages. In contrast, at a 

cyclic strain amplitude of t/2 = 0.3 10-2, the parent austenite matrix, plotted in red, does not reveal 

high amounts of deformation-induced martensite fractions. Due to the highly localized 

strengthening in the vicinity of process-induced defects and the accommodation of the cyclic strain 

by the softer austenite matrix, the shielding effect and considerably reduced notch sensitivity of the 

material are elucidated. Moreover, several authors discuss the evolution of compressive mean 

stresses induced by the volumetric dilatation related to the   ’ transformation [444,468,469], 

further adding to a reduced crack propagation rate and the extraordinary damage tolerance of this 

particular alloy. 
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5. Summary and Outlook 

 

 In the present work a high-alloyed austenitic CrMnNi steel successfully synthesized by 

electron beam melting has been investigated for the first time. Through a combination of 

mechanical characterization and concomitant microstructure examinations using scanning electron 

microscopy and X-ray diffraction technique, a correlation between the applied process parameters, 

the microstructure, the resulting chemical composition and the associated mechanical properties 

has been evaluated. The main results can be concluded as follows: 

 

1) Contrarily to the tendency to form columnar grains with preferred crystallographic 

orientation common in powder-bed based additive manufacturing processes, the CrMnNi 

austenitic stainless steel is characterized by a relatively fine-grained and weak-textured 

microstructure in the EBM as-built condition. The grain sizes according to EBSD analysis 

were approximately 20 μm to 32 μm and the texture intensity ranged from about 1.4 to 2.3 

multiples of uniform distribution as determined by combined EBSD and XRD 

examinations. 

2) This microstructure evolution is rationalized by the fcc  bcc + fcc and further the solid-

liquid phase transformation at elevated temperature as well as the intricate thermal history 

inherent in powder-bed based AM technologies. The presence of the temperature-dependent 

phases is predicted by the associated phase diagram and verified by differential thermal 

analysis. It is presumed that, due to numerous phase transformations induced by the 

repetitive heat input upon consecutive layer-by-layer melting, the grains are spheroidized 

and the formation of a pronounced crystallographic texture is prevented. 

3) Due to the exploitation of material and process-inherent characteristic features the 

microstructure evolution is almost independent of the applied process parameters. Bulky 

structures reveal almost homogeneous microstructure up to the top surface due to the mutual 

thermal effect of adjacent overlapping melt tracks. Thin-walled geometries exhibit a certain 

degree of columnar grain growth within the last consolidated layers which is, however, 

shifted to a significantly more equiaxed grain morphology with increasing distance to the 

top surface and increasing number of reheating cycles, respectively, supporting the 

presented theory of microstructure formation.  
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4) The CrMnNi steel shows remarkable tensile and fatigue properties even under the presence 

of large lack-of-fusion defects and binding faults induced by insufficient consolidation and 

heat input during EBM processing. This outstanding damage tolerance has also been 

evidenced for low-cycle fatigue loading, where the alloy endures a considerable number of 

cycles before failure, even under the occurrence of severe inhomogeneities. This 

mechanical behavior is attributed to the TRIP effect, i.e. a deformation-induced martensitic 

phase transformation yielding high strain hardening, localized strengthening in the vicinity 

of voids and associated shielding effect and eventually alleviation of the detrimental effect 

of process-induced flaws. 

5) It has been firstly demonstrated that it is basically possible to produce parts with distinct 

mechanical properties from one homogeneous prealloyed powder feedstock by the 

purposeful evaporation of alloying elements. This procedure avoids elaborate powder 

recycling or separation steps as required upon other approaches for fabrication of 

chemically graded structures. It is shown that a suitable variation of process parameters can 

be employed to adjust the degree of depletion of Mn, which has an impact on the phase 

stabilities and stacking fault energy of the metastable austenitic steel. It is shown that the 

ultimate tensile strength, strain hardening ratio and simultaneously the amount of ’ 

martensite upon tensile deformation increased by decreasing the fraction of Mn. The basic 

findings for homogeneous structures are the foundation for chemically graded CrMnNi steel 

specimens processed by EBM. A gradient in BD has been obtained by the application of 

process parameters at different build heights resulting in varying Mn concentrations. EDS 

examinations confirm the chemical gradients at a macroscopic scale, however, questions 

regarding the grain morphology and resulting mechanical behavior remain unaddressed.  

 

 In summary, the CrMnNi TRIP steel has been introduced as a novel alloy design for powder-

bed based additive manufacturing technologies. Owing to the unique microstructure evolution and 

the remarkable tolerance towards process-induced defects it is extraordinarily suited to address two 

of the major material-related challenges for a further maturation of the AM processes. It could 

theoretically pave the way towards the development and formulation of further alloys for additive 

manufacturing, a definition of the respective requirements and an expansion of the current fields 

of application. It is also a pathway towards increasing reliability, reproducibility and robustness of 

the EBM and SLM processes. 
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 Further research could focus in-depth on the intricate interplay between nominal volumetric 

energy density, scan strategy and thermal history of the specimens, in order to assess isolated 

effects on Mn content, which cannot be derived from the limited data so far. Additionally, an 

expansion of the process window towards lower scan speed could be interesting for the stable 

fabrication of complex geometries or filigree structures, as this reduces melt pool instabilities, 

residual stresses and associated distortion. 

 Moreover, it is important to process other alloys that either exhibit similar features in terms 

of temperature-dependent phase fractions or variances in austenite stability as this could verify the 

proposed theory of microstructure evolution as well as the respective limitations. Also other alloys 

or derivates of the particular CrMnNi austenitic steel have to address the relatively low yield 

strength. 

 The layer-wise production in EBM and SLM generally enables the manufacturing of 

functionally graded components. This is usually implemented by spatial variations of the geometry 

or the microstructure. The present work provides a basic proof-of-concept regarding the integration 

of chemical gradients by intentional evaporation of alloying elements and, hence, an adjustment of 

mechanical behavior with significant advantages in terms of post-processing. Therefore, future 

work should focus on the expansion of the methodology and a maximization of the achievable 

effect. An approach could be derived from results by Wendler et al. [418], who concluded that the 

effect of Mn on austenite stability and simultaneously the martensite transformation temperatures 

in CrMnNi austenitic steels is apparently depending on the Cr-equivalent. Basic principles like that 

could potentially pave the way for the development of alloys that are much more sensitive to 

variations in chemical composition. 
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