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Abstract  

High-manganese light-weight steels offer a great potential for structural purposes in the 

mobility sector due to their reduced density combined with outstanding mechanical properties. 

As many of the envisaged applications of these materials will suffer from cyclic loading during 

their service life, the fundamentals of their fatigue behavior must be studied extensively. In the 

present work, the low-cycle fatigue (LCF) properties of an austenitic Fe-29.8Mn-7.65Al-1.11C 

light-weight steel were investigated. Two microstructurally different conditions are directly 

compared: a homogenized, fully austenitic condition and an aged, austenitic, ϰ-carbide-

containing condition. Results obtained by total strain-controlled fatigue tests are discussed 

based on microstructural insights revealed by scanning electron microscopy and synchrotron 

diffraction analysis. Although fatigue properties are improved upon aging due to ϰ-carbide 

formation for lower strain amplitudes as compared to homogenized counterparts, the cyclic 

deformation behavior is characterized by cyclic softening at increased strain levels. Shearing of 

the ϰ-carbides and their mechanical dissolution due to the onset of plastic deformation are found 

to be the underlying mechanism. Determination of LCF parameters for both conditions was 

realized by evaluation of the fatigue life by the Coffin-Manson law and Basquin equation, 

eventually providing explanations for the Masing and non-Masing behavior of the aged and 

homogenized condition, respectively, as determined by analysis of half-life hysteresis loops.  
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1. Introduction 

In line with the ongoing developments in the field of light-weight design, a remarkable 

demand for advanced light-weight steels being characterized by superior mechanical properties, 

i.e. a high strength combined with an excellent ductility, prevails in many industrial fields such 

as the mobility sector. Enabled by the high level of specific strength, these steels allow for the 

design of crash-relevant body structures leading to a weight reduction and, thus, to an improved 

fuel efficiency as well as a reduced CO2 emission.   

In recent years austenitic high-manganese steels (HMnS) have been intensively studied 

as a representative of advanced light-weight steels because of their outstanding properties 

overcoming the strength-ductility tradeoff [1]. In the group of HMnS mainly two types of steels 

have attracted high scientific and commercial interest, i.e., Twinning-Induced Plasticity (TWIP) 

as well as Transformation-Induced Plasticity (TRIP) steels. Based on their alloying concept and 

the resulting stacking fault energies (SFE), a high strain hardening rate up to relatively high 

strain levels is achieved by activation of multiple deformation mechanisms: in addition to planar 

dislocation glide, mechanically driven solid to solid phase transformation from austenite to 

either α’-martensite or ε–martensite prevails in low-SFE (< 20 mJ/m2) TRIP steels, whereas 

deformation-induced twinning is the dominant mechanism at higher SFE values (~ 20-40 

mJ/m2) in TWIP steels [2–5]. 

By adding high amounts of Al, another subgroup of the HMnS, referred to as high-Mn 

light-weight steels or light-weight Fe-Mn-Al-C alloys, has become one of the most promising 

candidates in this field. As a reduction in density by 1.5% per 1 wt% addition of Al is obtained, 

these steels are characterized by a low density, rendering them as light-weight material [6–8]. 

Being already developed in the 1950s as a substitute for stainless Fe-Cr-Ni steels [7], light-

weight Fe-Mn-Al-C alloys, commonly characterized by high manganese (18-30 wt%) and 

aluminum contents (< 12 wt%) with the addition of silicon (< 3 wt%) along with carbon (up to 

2 wt%), were recently revisited [1,6,9,10]. Besides their reduced specific weight, high-Mn light-

weight steels are well-known for outstanding mechanical properties exhibiting a superior 

strength-ductility balance, i.e. a yield strength (YS), ultimate tensile strength (UTS) as well as 

elongation to failure of up to 1 GPa, 1.5 GPa and 100 %, respectively [6–8,11–15]. As a result 

of these properties Fe-Mn-Al-C alloys are used in numerous applications, i.e., cryogenic and 

corrosive environments as well as at high temperatures suffering oxidation. Furthermore, they 

offer a great potential for structural purposes, particularly in the automotive industry [7]. For 

conventional high-Mn TWIP steels improvement of mechanical properties as a result of grain 

refinement was achieved by combined thermomechanical rolling routes or special severe plastic 



deformation (SPD) techniques such as Equal Channel Angular Pressing (ECAP) [16–19]. 

However, these special techniques still offer a great potential in the field of high-Mn light-

weight steels, as they have not been in focus yet. 

Due to the different fractions of alloying elements, where Al acts as ferrite stabilizer 

and manganese and carbon are known to stabilize the austenic phase, metallurgical and 

microstructural properties of high-Mn light-weight steels are very complex. Depending on 

chemical composition and heat-treatment, the various compositions can be classified into 

different categories, i.e. single-phase austenitic (γ) or ferritic (δ) steels, dual-phase steels (e.g. 

consisting of combinations of γ, δ and ternary ϰ-carbides of type (Fe,Mn)3AlCx with ordered 

E21 perovskite structure [20–22]) and triplex steels (γ + δ + ϰ-carbides) [7,8,23]. 

As a result of the relatively high Al content, high-Mn light-weight steels are, compared 

to their TWIP or TRIP steel counterparts, characterized by medium to high SFE in a range 

between 80 mJ/m2 and 120 mJ/m2 [7,24,25]. Thus, suppression of both, TWIP- as well as TRIP-

effect has been observed, leading to dislocation glide being the dominant deformation 

mechanism governing plastic deformation instead [10,24,26]. Usually, dislocations are known 

to easily change their glide planes via cross-slip resulting in deformation by wavy glide in high 

SFE fcc materials [27–29]. However, despite of chemical composition and heat treatment, 

deformation in light-weight Fe-Mn-Al-C alloys is restricted to planar dislocation glide [7–

9,21,22,30]. Accordingly, most studies reporting on high-Mn light-weight steels focused on 

explanation of the unique interplay of plastic deformation mechanisms and interpretation of 

strain hardening effects.  

Although the origin of the planar glide is attributed to “glide plain softening” in the 

majority of the studies, the mechanisms leading to this phenomenon are still discussed 

controversially. The interaction between dislocations and ϰ-carbides during plastic deformation 

is found to strongly promote this phenomenon. As detailed in [6,7,10,23,24,31,32], the ordered 

ϰ-carbides first hinder the dislocation movement and are then sheared by preceding dislocations 

on a single glide plain. As a consequence, this glide plain is softened leading to less resistivity 

against glide of trailing dislocations. The same mechanism was reported in high-Mn light-

weight steels that do not constitute fully ordered ϰ-carbides, rather are characterized by short-

range-ordered (SRO) regions in the solid solution state [27,32–34]. In this case, it is assumed 

that the clusters of SRO are disordered by a gliding dislocation. As a result, the resistance against 

movement of trailing dislocations is decreased and thus, a specific glide plain is softened. 

In addition to the origin of planar glide in high-Mn light-weight steels, the strain 

hardening response is still a matter of discussion. Hence, similar to the TWIP and TRIP 



mechanisms known from HMnS, several new deformation mechanisms such as shear-band 

induced plasticity (SIP) [6], microband induced plasticity (MBIP) [24], slip-band refinement 

induced plasticity (SRIP) [23] or dynamic slip band refinement (DSBR) [10] have been 

introduced. The SIP concept was comprehensively reported by Frommeyer and Brüx [6], who 

investigated the microstructures and mechanical properties of high-strength Fe-Mn-Al-C light-

weight triplex steels. According to their findings, enhanced ductility was promoted by 

dislocation glide sustained by the uniform arrangement of nano-sized ϰ-carbides coherent to 

the austenitic matrix. This observation was accompanied by a homogeneous shear-band 

formation on {111} planes in the austenitic matrix (as shown by the TEM). Based on the MBIP 

mechanism suggested by Yoo and Park [24], the enhanced strain hardening is explained in 

terms of the Hall-Petch effect. At low strains, formation of a Taylor lattice (TL) structure was 

observed. With increasing deformation this is followed by the formation of domain boundaries 

(DBs) consisting of geometrically necessary dislocations. For further strain accommodation, 

microbands (MBs) are formed between parallel DBs being characterized by short separation 

distances. At highest strains, further formation of DBs and MBs and their interaction causes 

grain subdivision. In contrast to this, Welsch et al. [10] rationalized the strain hardening 

behavior by DSBR. According to their findings, dislocation sources in the form of Frank-Read 

sources and grain boundary sources get activated and start to emit dislocations at the onset of 

plastic deformation. As the generated dislocations do only rarely leave their glide plane 

(planarity of slip), the glide plane fills up with dislocations. These piled-up dislocations 

eventually lead to back stresses acting on the source, which increases with the number of 

emitted dislocations. Once the local stress at the source does not meet the critical activation 

stress, the source ceases to emit further dislocation loops, thus becomes exhausted. At this point 

the slip plane is filled with dislocations appearing as slip bands throughout the grain, being fully 

developed, as the generation of dislocations within the slip band is strongly inhibited. In order 

to further accommodate plastic strain the generation of more dislocations and thus activation of 

new sources is necessary. Expanding dislocation loops on their respective glide planes are 

produced by these sources, which induces the formation of more slip bands leading to a 

refinement of the slip band substructure. As a consequence, the spacing between the slip bands 

reduces during straining leading to a strong increase in the stored dislocation density that 

contributes to strain hardening. This mechanism is in line with the results of Haase et al. [23], 

who investigated the deformation behavior of a ϰ-carbide-free and ϰ-carbide-containing high-

Mn light-weight steel. The authors showed that plastic deformation is governed by planar 

dislocation glide and slip band formation in all states. Thus, the SRIP effect, which was also 



shown in a study by Yao et al. [9], is responsible for the high work-hardening rates observed. 

Slip band promoted plasticity is further supported by a recent study of Kim et al [26]. Using in-

situ transmission electron microscopy (TEM) analysis, the authors revealed that plastic 

deformation in an austenitic high-Mn light-weight steel is accommodated by pronounced planar 

dislocation glide followed by the formation of SBs and highly dense dislocation walls 

(HDDWs). In that study, localized cross-slip of dislocations at slip band intersections was 

revealed, eventually indicating that the SBs can propagate in a grain without blocking each 

other [26]. 

The introduction clearly highlights the complexity of Fe-Mn-Al-C light-weight steels 

with respect to phase compositions as well as dislocation motion, strain hardening and plastic 

deformation processes under monotonic load. However, many of the envisaged applications for 

these steels, e.g. in the mobility sector, will undergo cyclic loading during service life. Thus, 

in-depth analysis of the cyclic deformation response (CDR) and the fatigue behavior is essential 

in order to fully understand the deformation behavior of these alloys and to allow for reliable, 

wide-spread use. At this point, only a few studies available in literature focused on the behavior 

of high-Mn light-weight steels under cyclic load [35–43]. Anyway, only two of these studies 

investigated the influence of ϰ-carbides on the fatigue properties. Tjong [42] investigated the 

low-cycle fatigue behavior of an austenitic Fe-25Mn-8Al-1C alloy aged at 700 °C for 24 h. A 

high density of coarse x-phase carbides at the austenite grain boundaries as well as fine ϰ-phase 

carbides within the grains acting as effective barriers to slip dislocations during fatigue, were 

reported. An inhomogeneous distribution of a high density of intergranular carbide and the 

formation of planar arrays of dislocations lead to an observed two-slope behavior in the Coffin-

Manson relationship. Ho et al. [43] reported on the cyclic softening of age-hardened Fe-Mn-

Al-C alloys containing coherent precipitates. In this study, strain-controlled fatigue tests were 

conducted using a Fe-Mn-Al-C lightweight alloy in differently aged conditions, i.e. 550 °C for 

2 h, 550 °C for 24 h and 710 °C for 2 h. Despite of the actual aging parameters, the CDRs of 

all conditions were characterized by cyclic softening throughout the tests. This softening was 

explained by the shearing of ϰ-carbides and their depletion within persistent slip bands (PSBs). 

However, a direct comparison of microstructure evolution of the alloy in focus with and without 

ϰ-carbides has not been contemplated under fatigue loading in literature so far. Thus, the role 

of the ϰ-carbides cannot be deduced straightforward as the general deformation behavior under 

cyclic is not addressed as a baseline for comparison. From the state-of-the-art presented above 

it is obvious that the fatigue behavior of high-Mn light-weight steels, especially the impact of 

ϰ-carbides on the properties under cyclic load, needs to be investigated more thoroughly.   



In order to close this prevalent research gap, the low-cycle fatigue (LCF) behavior of an 

austenitic Fe-29.8Mn-7.65Al-1.11C alloy, which differs in chemical composition from all 

alloys investigated in fatigue studies so far, was investigated thoroughly in present work. 

Thereby, CDRs of both, a homogenized, fully austenitic condition and an aged, austenitic and 

ϰ-carbide-containing condition stemming from one initial single batch with the exact identical 

chemical chemistry were comprehensively studied for the first time. The direct comparison of 

these conditions provides novel insights into the topic, i.e. the influence of ϰ-carbide 

precipitates on the behavior of a high-Mn light-weight steel under cyclic load. The results are 

critically discussed based on microstructural as well as on assessment of evolution of plastic 

strain amplitude and fracture surface analysis. Besides microstructural characterization by 

electron back-scatter diffraction (EBSD) for determination of the influence of texture, grain 

size and grain morphology, synchrotron diffraction experiments were carried out in 

transmission mode. In contrast to the local phenomena revealed by TEM investigations in 

literature [37,42,43], statistically confirmed volume effects are thus represented by the 

synchrotron results discussed in the current study. Finally, fatigue life of these alloys is 

evaluated based on the Coffin-Manson law and Basquin equation. 

 

2. Material and methods 

The material investigated in the current study is a Fe-29.8Mn-7.65Al-1.11C steel with 

a SFE of ~ 85 mJ/m2 [23]. The exact chemical composition is given in Table 1 [23]. The steel 

was provided as strip cast sheets with a thickness of 1.6 mm.  

Table 1 Chemical composition of the investigated Fe-29.8Mn-7.65Al-1.11C steel (in wt.%) 

[23].   

Element Fe Mn Al Si C S N 

wt.% Bal. 29.8 7.65 0.0093 1.11 0.017 0.0083 

 

After strip casting the sheets were homogenized and additionally cold rolled up to 30 % 

thickness reduction. For microstructure analysis and mechanical characterization flat dog-bone 

shaped specimens with a nominal gauge section of 8 mm × 3 mm × 1.6 mm (displayed in Fig. 

1b) were cut from the sheets by electro-discharge machining (EDM). The loading direction 

(LD) of the specimens corresponds to the rolling direction (RD) of the sheets. According to 

[23] and as schematically shown in Fig. 1a), the specimens were subjected to different heat-

treatments upon EDM in order to achieve different microstructural conditions, i.e. a fully 

austenitic single phase- as well as an aged dual phase-condition consisting of austenite and ϰ-



carbides. These conditions are denoted as condition A and B, respectively, in the reminder of 

this article. For further information on the heat-treatments performed and on the determination 

of annealing parameters by CALPHAD-based, thermodynamic calculations the reader is 

referred to [23]. 

In order to guarantee a high surface quality, all specimens were mechanically ground to 

5 µm grit size using SiC paper after heat-treatment. Microstructure analysis as well as post-

fatigue fracture surface analysis were carried out using a Zeiss ULTRA GEMINI high-

resolution SEM operating at 30 kV. The SEM system is equipped with an electron back-scatter 

diffraction (EBSD) unit. For EBSD measurements specimens were further vibration polished 

for 12 h using conventional oxide polishing suspension (OPS) with a grain size of 0.04 µm. All 

measurements were performed at the same working distance, magnification and step size, i.e., 

15 mm, 100× and 1.5 µm. Bruker Esprit software was used for data post-processing, i.e. 

determination of austenite grain size and removal of non-indexed points, taking at least five 

neighboring points into account. 

For further microstructure analysis, synchrotron diffraction experiments were carried 

out at the side station of the P07-material science beamline, at the storage ring PETRA III at 

DESY in Hamburg [44]. The specimens were measured in transmission mode using an X-Ray 

energy of 87.1 keV and a Perkin Elmer XRD 1621 image plate detector with a sample to 

detector distance of 988 mm. The specimen were scanned along LD with a spot size of 

1 × 1 mm² and an exposure times of 0.2 s and 0.1 s.  

 

Figure 1: a) Schematic representation of the heat treatment process considered in present 

work in order to establish the material in states A (homogenized) and B (aged); b) geometry of tensile 

and fatigue specimens. 

Vickers hardness testing was conducted on a Struers DuraScan-70 system employing a 

load of 9.81 N. Uniaxial room temperature tensile tests were performed using a screw-driven 

MTS Criterion load frame with a maximum loading capability of 20 kN under displacement 



control with a constant crosshead speed of 2 mm/min. Nominal stress-strain diagrams were 

plotted based on load and displacement signals as well as gauge section dimensions depicted in 

Fig. 1b). LCF experiments were conducted at ambient temperature using a digitally controlled 

servo-hydraulic load frame with a maximum force of 16 kN. For accurate strain measurement 

a MTS miniature extensometer featuring a gauge length of 5 mm was directly attached to the 

surface of the specimens. The LCF tests were carried out in fully reversed push-pull loading 

(Rε = -1) in total strain control with a constant strain rate of 6 × 10-3 s-1 and total strain 

amplitudes of Δεt/2 = ± 0.2%, Δεt/2 = ± 0.4% and Δεt/2 = ± 0.6%. 

 

3. Results and discussion 

Microstructural analysis after different heat treatments was carried out by EBSD. Fig. 2 

a) and b) shows representative EBSD inverse pole figure (IPF) maps with superimposed image 

quality for both conditions, A and B. Histograms of the grain diameters and grain boundary 

misorientation angles directly obtained from the EBSD micrographs shown in a) and b) are 

represented in c) and d) as well as e) and f), respectively. Irrespective of the heat treatment, 

similar microstructures can be observed with respect to grain morphology and crystal 

orientation. Both conditions reveal a high fraction of recrystallization twins embedded in a non-

textured microstructure. As can be seen, except of one larger grain for condition A, respectively 

two for conditions B, both conditions are characterized by a similar, relatively homogeneous 

microstructure with respect to grain size distribution, eventually revealing a bimodal 

microstructure dominated by the fine grained fraction with an average grain size of 

approximately 65 µm. This kind of microstructure and weak crystallographic texture, 

respectively, are a result of primary recrystallization occurring during homogenization 

annealing of the cold-rolled sheet, as has been reported previously for high-Mn steels [7,45,46]. 

As expected and in line with the results shown by Haase et al. [23], the aging process did not 

change the microstructure with respect to grain size, grain boundary character (cf. Fig. 2 e) and 

f)) and texture. Thus, an effect of grain size on the mechanical properties, as demonstrated for 

cold-rolled material after homogenization in [23], especially on the LCF behavior is excluded 

in present work. Eventually, this allows for interpretation of the influence of ϰ-carbides 

exclusively. 



 

Figure 2: EBSD inverse pole figure maps with superimposed image quality of a) condition A 

(homogenized) and b) condition B (aged). The grain orientations are plotted with respect to the rolling 

/ loading direction. Histograms of the grain diameters and grain boundary misorientation angles of 

the EBSD micrographs shown in a) and b) are represented in c)-d) and e)-f), respectively. 

Figure 3 shows synchrotron diffractograms of the homogenized (a) and aged (c) 

condition, respectively. In order to separate the peaks of the ϰ-carbides from background noise 

more clearly, an exposure time of 0.1 s for each of three integrated detector pictures for 

condition B (Fig 3b) as compared to 0.2 s using a single detector picture for condition A (Fig. 

3a) was used, resulting in higher intensity amplitude as shown in Fig. 3. For evaluation of data, 

4 diffraction peaks of the austenitic phase, corresponding to the 100, 111, 200 and 400 hkl plane 

were fitted based on the summation of three different Gaussian functions. This approach was 

chosen to fit and analyze data considering the overlapping of three diffraction peaks. For further 

details on this approach in comparison to other well-established techniques readers are referred 

to [47]. For the sake of brevity the evaluation procedure only is highlighted exemplarily in Fig. 

3 e) and f). Magnified views of the respective diffraction profile from the 400 hkl lattice plane 

of both conditions (marked by red rectangles in Fig. 3 a) and b)) are depicted in Fig. 3 c) and 

d). At the first glance, the diffractogram of the homogenized condition A in 3 a) shows a fully 



austenitic microstructure as deduced from the presence of only γ -peaks. In contrast, the 

presence of ϰ-carbides is proven by the asymmetric peak-broadening revealed by the pattern of 

the aged condition B displayed in Fig. 3 b). The peak-broadening, as shown in literature [23,48–

50], becomes even more obvious in the magnified depiction of the peak of the 400 hkl lattice 

plane condition B in Fig. 3 d). Thus, in contrast to the local evidence of ϰ-carbides as shown 

by TEM in literature, statistically confirmed volume effects are represented by the synchrotron 

transmission mode experiments.  According to the results revealed by Choo et al. [49], and as 

schematically shown in the work of Kalashnikov et al. [48], the evolution of the diffractograms 

can be explained by the spinodal decomposition of the ϰ-carbide particles and concomitant 

formation of side-bands. The formation of ϰ-carbides, these being characterized by an increased 

lattice parameter as compared to the γ-matrix, causes asymmetric peak-broadening to lower 

2ϴ-angles. In parallel, depletion of interstitial carbon and possibly substitutional aluminum 

atoms in the γ-matrix, marked by the arrow γ0 in Fig. 3 d), results in side-band formation at 

higher 2ϴ angles. The formation of the ϰ-carbides in condition B is further underlined by the 

Gaussian peak-fit for the 400 hkl peak detailed in Fig. 3 f). Based on the consideration of 3 

peaks (visualized by the green curves), the best possible fit (being characterized by an error of 

the sum spectrum to the measured value of 1.746% as well as a coefficient of determination 

(R2) of 0.99569) was obtained. As for condition B of the current study there are no differences 

with respect to chemical composition, material state and heat treatment parameters are 

prevailing compared to [23], it can be assumed that nanosized ϰ-carbide precipitates were 

distributed homogeneously and share a coherent interface with the austenitic matrix. From the 

magnified view of the 400 hkl peak of the non-aged condition A presented in Figure 3 e) minor 

formation of side-bands caused by spinodal decomposition can also be deduced. This is in line 

with the corresponding results of the Gaussian peak profile-fit shown in Figure 3 e), as the best 

fit was obtained for 3 peaks with an error and R2-value of 0.865% and 0.99871, respectively. 

These results are supported by the findings of Song et al. [51], who investigated the ϰ-phase 

formation in Fe–Mn–Al–C austenitic steels. The authors demonstrated, also via synchrotron 

measurements, that the formation of nano-sized clusters/ϰ-carbides already occurred after 

quenching from the austenitic phase of a Fe-30Mn-8Al-1.2C steel. This, however, could not be 

detected by macro-XRD measurements by Haase et al [23]. Thus, it has to be assumed that 

minor volume fractions of clusters/ ϰ-carbide precipitates are already present in the 

homogenized condition A of the current study. However, these fractions are well below 

fractions being reported in case of fatigue studies being available in literature so far [43] and, 

eventually, assumed to not significantly contribute to the elementary mechanisms being in focus 



of present work as will be discussed in the remainder of this paper. Here, this condition is 

referred to as ϰ-carbide free. 

 

Figure 3: Synchrotron X-ray diffractograms of the a) homogenized and c) aged condition; b) 

and d) show magnified details of 400hkl plane diffraction peaks marked in the red rectangles in a) and 

c); e) and f) depict Gaussian peak-fits of the 400hkl plane diffraction peaks revealing the presence of 

ϰ-carbides even after homogenization. 

Figure 4 shows hardness maps of the homogenized condition A and aged condition B, 

respectively. The measurements were carried out over the full length (i.e., gauge length and 

grip section of the specimen shown in Fig. 1b)) in order to analyze the overall homogeneity of 

the hardness after heat treatment. In total 451 individual measurements were carried out. From 

the hardness map of condition A displayed in Fig. 4 a), a homogeneous hardness distribution 

with a mean value of 245 HV 0.2 and a standard deviation of 9.3 HV 0.2 is observed. The 

maximum and minimum value were determined as 271 HV 0.2 and 218 HV 0.2, respectively. 

The effect of age-hardening can be derived from the hardness map of condition B displayed in 

Fig 4 b). The mean hardness value increased to 398 HV 0.2. Maximum and minimum values 

as well as standard deviation were determined as 447 HV 0.2, 335 HV 0.2 and 17.7 HV 0.2, 

respectively. Thus, the hardness of the Fe-29.8Mn-7.65Al-1.11C steel investigated can be 



increased by a factor of ~ 1.5 due to ϰ-phase precipitation. The increase in hardness corresponds 

well with results reporting on similar compositions and aging treatments, e.g. reported in [52].  

 

Figure 4: Hardness maps (HV0.2) showing the hardness distribution over the entire area of 

a) the homogenized (b) the aged specimen. Distances in x and y are representing the RD/LD and the 

ND of the specimen, respectively. 

 The behavior under monotonic tensile loading, shown in Fig. 5, is illustrated by 

representative stress-strain curves obtained for both conditions considered, i.e. condition A and 

condition B. The homogenized condition A is characterized by a yield strength (YS), ultimate 

tensile strength (UTS) and elongation to failure of approximately 375 MPa, 845 MPa and 59%, 

respectively. Compared with condition A, an increase in YS and UTS up to ~ 850 MPa and 

1040 MPa with a concomitant decrease of ductility to 39% can be observed as a result of the 

aging treatment. Regarding strength und ductility, the results shown are in line with tensile 

properties numerously published in literature for similar compositions and aging heat 

treatments [7,13,21,22,30]. According to Haase et al. [23], the high work-hardening rates and 

ductility of the conditions shown can be attributed to the SRIP. Glide plain softening, caused 

by interaction between dislocations and short-range order/ long-range order (SRO/LRO) 

clusters in the homogenized as well as dislocations-ϰ-carbides interaction in the aged SRIP 

steel, were revealed as well [23]. 



 

Figure 5: Tensile stress-strain curves for representative specimens of the investigated Fe-

29.8Mn-7.65Al-1.11C steel in homogenized (A) and aged (B) condition.  

Figure 6 displays the CDR of the Fe-29.8Mn-7.65Al-1.11C light-weight steel for both 

conditions considered. Tests were conducted at various total strain amplitudes, i.e., Δεt/2 = ± 

0.2% (a), Δεt/2 = ± 0.4% (b) and Δεt/2 = ± 0.6% (c). For each condition and strain amplitude at 

least three tests have been carried out to analyze the reproducibility and scatter behavior of the 

LCF response. Since no pronounced scatter was observed with respect to resulting stress 

amplitudes and number of cycles to failure, only the curves from one test under given loading 

conditions are shown for sake of brevity. It has to be noted that the load was increased stepwise 

during the first cycles in order to avoid buckling of the specimens. Consequently, the prescribed 

strain amplitude was reached after approximately 10 cycles, depending on the actual strain 

amplitude. Thus, these initial cycles were not taken into account for evaluation and data are 

shown only starting from the 11th cycle. This approach was adopted from another recently 

published study [53]. As a common feature of both conditions, the stress amplitude increases 

and the lifetime decreases with increasing strain amplitude. Irrespective of the strain amplitude 

and in line with the results from tensile testing, higher stress levels can be derived for condition 

B, as a result of the higher initial yield strength promoted by precipitation hardening. The CDRs 

of the homogenized condition are characterized by similar courses for all total strain amplitudes 

considered, i.e. initial cyclic softening (prevailing for a higher number of cycles for the lower 

total strain amplitudes) is followed by a saturation stage prior to failure. The initial cyclic 

softening presumably results from rearrangement of dislocations and a decrease in the overall 

dislocation density, respectively. This behavior, also similarly shown by Niendorf et al. [54], 

was explained by Lambers et al. [55] investigating the influence of pre-straining on the low-

cycle fatigue response of an austenitic Fe61Mn24Ni6.5Cr8.5 alloy. In this study a decrease in 

dislocation density and moreover a rearrangement of dislocations into cells was shown for 



conditions with CDRs being characterized by cyclic softening. In contrast, pronounced 

differences are seen in case of the CDRs of the aged condition B. While a stable stress plateau 

with no initial hardening or softening can be seen for the lowest total strain amplitude of Δεt/2 

= ± 0.2% (cf. Fig. 6 a)), cyclic softening occurs at the medium and highest total strain amplitude, 

being even more pronounced for the latter. Accordingly, differences in number of cycles to 

failure become obvious by comparing both conditions. While fatigue life at the lowest total 

strain amplitude considered for condition B, i.e. about 170.000 cycles, is more than twice higher 

than for condition A (~ 80.000 cycles), this trend changes upon the onset of cyclic softening of 

the aged condition, i.e. when the strain amplitude increases. An almost similar number of cycles 

to failure of approximately 13.000 cycles is revealed for the medium total strain amplitude for 

both conditions, whereas for the highest total strain amplitude of Δεt/2 = ± 0.6%, the fatigue 

life of the homogenized condition A is, with ≈ 4.500 cycles, five times higher than that of the 

aged counterpart (≈ 900 cycles). The cyclic deformation behavior of both conditions becomes 

more apparent upon evaluation of the plastic strain range development, as shown in Fig. 7. It 

has to be noted that, in order to exclude strain ramping effects from analysis, every 25th 

hysteresis loop was recorded only starting at cycle 100. Thus, development of the plastic strain 

range is plotted starting from the 100th cycle in Fig. 7. For condition A it is seen from Fig. 7 a) 

that, as the total strain amplitude increases, the plastic strain range is also characterized by a 

steady increase. In line with the CDRs presented, cyclic saturation can be derived, since the 

plastic strain range remains unchanged throughout the tests. In contrast, differences in the 

development of plastic strain ranges are obvious for condition B displayed in Fig. 7 b). At the 

lowest total strain amplitude of Δεt/2 = ± 0.2%, a constant level of plastic strain, virtually equal 

to zero (indicating a fully elastic cyclic behavior) can be seen. Upon increasing Δεt/2, a steady 

increase of the plastic strain range is evidenced by Fig. 7 b). From this observation it can be 

deduced that cyclic softening of the aged condition in case of the medium and highest total 

strain amplitude, as revealed by the CDRs, is triggered by the onset of (cyclic) plasticity.  



 

Figure 6: Cyclic stress response at room temperature at total strain amplitudes of a) Δεt/2 = ± 

0.2%, b) Δεt/2 = ± 0.4% and Δεt/2 = ± 0.6% (c) for Fe-29.8Mn-7.65Al-1.11C steel in homogenized (A) 

and aged (B) condition.  

 

Figure 7: Cyclic plastic strain response in homogenized (a) and aged (b) conditions at the 

total strain amplitudes of Δεt/2 = ± 0.2%, Δεt/2 = ± 0.4% and Δεt/2 = ± 0.6%. 

The results of the plastic strain range development are in perfect agreement with the 

comparison of half-life hysteresis loops depicted in Fig. 8 a-c. Irrespective of the total strain 

amplitude, wide-opened hysteresis loops can be seen for the homogenized condition, whereas 

contribution of plastic strain for the aged condition can only be derived for the medium and 

highest strain amplitude. For the lowest total strain amplitude of Δεt/2 = ± 0.2%, condition B is 

characterized by a fully elastic behavior without any sign of plastic strain as deduced from the 

completely closed half-life hysteresis loop.  

Half-life hysteresis loops plotted in relative coordinates for conditions A and B are 

shown in Fig. 8 d) and e), respectively. The upper branches of the hysteresis loops of the aged 

samples (cf. Fig. 8 e)) are congruent indicating almost perfect Masing behavior. Thus, very 

similar microstructure evolution independent of the strain amplitude imposed can be deduced 

for the ϰ-carbide-containing aged condition [53,56,57]. In contrast, congruence of the upper 

branches of the hysteresis loop for condition A is only revealed for the medium and highest 

total strain amplitude. As a consequence, significant variations can be expected between 

microstructure evolution at these total strain amplitudes and Δεt/2 = ± 0.2%. In a study reporting 

on the cyclic stress-strain behavior of an austenitic Fe-29.7Mn-8.7Al-1.04C alloy at room 



temperature, Ho and Tjong [38] revealed the formation of ϰ-carbides upon cyclic loading at 

high strain amplitudes. The authors concluded that the ϰ-phase carbides, nucleated in the matrix 

during initial cycling at high strain amplitude, re-dissolved within persistent slip bands (PSBs) 

because of dissolution or disordering of the precipitates by the motion of dislocations in the 

PSBs. However, experimental proof is missing and will be subject of future work. From these 

results carbide formation in condition A of the present study fatigued at medium and high strain 

amplitudes can be presumed, eventually rationalizing the non-Masing behavior. Obviously, a 

complex interplay of various mechanisms contributes to the overall microstructural evolution 

leading to different conclusions depending on the trend lines assessed, i.e. stress response, 

plastic strain response and Masing behavior (when evaluated and compared separately). Further 

studies will be needed to separate each individual contribution and to eventually get a deeper 

understanding of the complexly interacting phenomena. 

 

Figure 8: Half-life hysteresis loops for the Fe-29.8Mn-7.65Al-1.11C steel in homogenized (A) 

and aged (B) conditions for total strain amplitudes of (a) Δεt/2 = ± 0.2%, (b) Δεt/2 = ± 0.4% and (c) 

Δεt/2 = ± 0.6%; Half-life hysteresis loops plotted in relative coordinates for d) condition A and e) 

condition B. 

Ho et al. [43] reported cyclic softening of a ϰ-carbide-containing Fe-29.7Mn-8.7AI-1C 

alloy aged at different temperature-time conditions. The results were similar to the ones 

reported in the present study. The authors showed that cyclic softening was, i.a., associated with 

shearing of ϰ-carbides and mechanical dissolution of the precipitates. In order to explain the 

CDRs of the aged condition B of the present study, post-fatigue synchrotron analysis was 

conducted for the specimen fatigued at the highest total strain amplitude of Δεt/2 = ± 0.6%. The 

results (focusing on the diffraction peak of the 400 hkl plane) highlighted by the Gaussian peak-

fit are illustrated in Fig. 9 a) and b), respectively. To allow for direct comparison and critical 

assessment of the differences before and after fatigue, the peak of the non-deformed condition 

already plotted in Figure 3 d) (depicted by the dashed line) is recompiled in Figure 9 a). 



Compared to the 400 hkl diffraction peak of the non-deformed condition, the peak profile 

changes as a result of fatigue loading. On the one hand, both side peaks representing the 

formation of ϰ-carbides at lower and depletion of the surrounding matrix at higher 2ϴ-angles 

are almost vanished. In line with the results of Ho et al. [43], this clearly indicates that shearing 

(decrease of intensity of the ϰ-side band) and dissolution (decrease of intensity of the side band 

of γ0) of the precipitates are the most important factors contributing to cyclic softening during 

fatigue at higher strain amplitudes. Further changes upon cyclic loading are demonstrated by 

the Gaussian peak fit shown in Fig. 9 b). As a result of fatigue loading, the area of both side 

band peaks was reduced by approximately 85%. On the other hand, the high amount of plastic 

deformation can be derived from the increased width of the austenite γ-peak (approximately 

400%). It is well-known that defects induced by plastic deformation deteriorate the perfection 

of the crystal lattice. As a result, the amplitude and symmetry of the peaks in XRD experiments 

is decreased upon plastic deformation, whereas their half-width is increased (while the peak 

center may be shifted) [58]. This phenomenon was amongst others shown by Scott el al. [59], 

who investigated the impact of precipitation strengthening in high-Mn austenitic TWIP steels. 

As mentioned before, in present work the width of the 400 peak being in focus was increased 

by 400%, whereas the intensity was decreased by a factor of approximately 2.  

 

Figure 9: Synchrotron X-ray diffractogram of the (400) diffraction peak and b) Gaussian 

peak-fit of the (400) diffraction peak of the aged condition fatigued at a total strain amplitude of Δεt/2 

= ± 0.6% (Nf = 853 cycles). As a reference, the (400) diffraction peak of the non-deformed condition 

is shown in a) (dashed line). 

So far the fatigue performance of the Fe-Mn-Al-C light-weight steel was assessed based 

on analysis of CDRs, evolution of plastic strain amplitude and half-life hysteresis loops. 

Moreover, the fatigue properties of a material can be described by the Basquin-Coffin-Manson 

relationship [60,61]. According to this relation, the total strain amplitude can be separated into 

two parts, i.e. elastic strain amplitude and plastic strain amplitude, as given by equation (1): 
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where E is the Young’s modulus (160 GPa as determined from hysteresis curves in present 

work), 2Nf the number of cycles to failure, 𝜎′
𝑓  the fatigue strength coefficient, ε′

f the fatigue 

ductility coefficient, b the fatigue strength exponent and c the fatigue ductility exponent. The 

relation between stress amplitude and plastic strain can be calculated based on the following 

power-law equation (2) [62]: 
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where 
Δσ

2
 is the half-life stress amplitude, 

Δεp

2
 the half-life plastic strain amplitude, K′ the cyclic 

strength coefficient and n′ the cyclic strain-hardening exponent. Figure 10 displays total strain, 

plastic strain and elastic strain amplitudes as a function of the number of cycles to failure 2Nf 

in a double logarithmic plot for the homogenized (a) and aged condition (b), respectively. For 

evaluation of data, half-life stresses and strains were considered to guarantee that cyclic 

saturation already occurred. The point of intersection (2Nt) for the curves being representative 

for the elastic and plastic strain amplitudes, is found to be present at 21.380 cycles for condition 

A and 1.080 cycles for condition B as deduced from Fig. 10 a) and b), respectively. For these 

numbers of reversals the corresponding total strain amplitude values can be calculated as 0.42% 

(A) and 0.65% (B) based on data obtained in present work (corresponding trend lines plotted in 

Fig. 10 as well). Thus, it can be deduced that, with regard to the homogenized condition, a 

change of elementary mechanisms contributing to damage and failure sets in for total strain 

amplitudes > ± 0.42%. In contrast, this change of contributing mechanisms only is found for 

total strain amplitudes > ± 0.65% in the aged condition B. These results give another 

explanation to the results deduced from Fig. 8 d) and e): almost perfect Masing behavior was 

observed for condition B, while non-Masing behavior with the upper branches of hysteresis 

loops only being congruent for strain amplitudes ≥ 0.4% was observed for condition A. Figure 

10 c) shows a plot of the half-life stress amplitude as a function of the half-life plastic strain 

amplitude for both conditions considered. According to equation (2), the values of the cyclic 

strength coefficient K′ and the cyclic strain-hardening exponent n′ were determined using the 

method of least squares. These values, in combination with the coefficients obtained from 

equation (1), are summarized in Table 2 for both conditions studied, forming an initial basis for 

the evaluation of fatigue properties of the high-Mn light-weight steel in focus. A different two-

slope behavior in the Coffin-Manson relationship accompanied by different low-cycle fatigue 



parameters has been shown by Tjong [42]. However, as the chemical composition of the 

material in focus as well as heat treatment parameters were different compared to the current 

study. Thus, it can be assumed that even slight differences in composition and/or heat treatment 

can result in completely different microstructural states and as a result major differences in the 

fatigue properties of light-weight HMnS. The results of the currents study are additionally 

recapitulated by the strain-life fatigue data as shown in Fig. 10 d). At high total strain 

amplitudes superior fatigue strength is revealed for the homogenized condition A as a result of 

the stable stress response shown (cf. Fig. 6). With decreasing Δεt/2 this behavior changes, as 

can be determined from the intersection point of the strain-life curves of both conditions. This 

is due to the fully elastic deformation of the ϰ-carbide-containing condition B at lowest strain 

amplitudes. The results of the present study already indicate that a significant improvement of 

the cyclic properties in the high-cycle fatigue (HCF) regime, which is known to be dominated 

by crack initiation and failure mainly due to elastic deformation [63,64], by ϰ-carbide 

precipitation hardening can be expected.  

 

Figure 10: Cyclic total strain, plastic strain, and elastic strain amplitude-fatigue life response 

for the Fe-29.8Mn-7.65Al-1.11C steel in a) homogenized and (b) aged condition; c) plastic strain–

stress relationship and d) total strain-life fatigue data for both conditions considered. 

Table 2 Low-cycle fatigue parameters obtained for the Fe-29.8Mn-7.65Al-1.11C steel in 

homogenized and aged conditions. 



 

Fracture surface analysis was carried out for all specimens tested. The results obtained 

for the highest total strain amplitude, i.e., Δεt/2 = ± 0.6% are shown in Fig. 11 for conditions A 

(a-d) and B (e-h), respectively. As similar characteristics were revealed for specimens fatigued 

at other strain levels in case of both conditions, the depicted fracture surfaces can be considered 

as representative. From the pictures shown, well-known features for fatigue tested specimen, 

i.e., areas of fatigue crack initiation and propagation characterized by sub-micron fatigue 

striations (cf. Fig. 10 (b), and (f)), as well as an overload final fracture region, characterized by 

a ductile, dimple-like structure (cf. Fig. 10 (d) and (h)), are seen in case of all specimens and 

strain amplitudes irrespective of the condition considered. In addition, an increase in the share 

of the area characterized by stable fatigue crack propagation is observed with a concomitant 

decrease of the strain amplitude as a result of higher number of cycles to failure (not shown for 

the sake of brevity). In line with the findings from the tensile tests (data not shown), the fracture 

surfaces of the fatigued specimen locally seem to be plastically deformed to a high extent. These 

characteristics can be explained by the very high ductility of both conditions, being most 

pronounced for the homogenized condition A. In addition, despite of condition and strain level, 

fatigue cracks basically always initiated from the surface of the specimen. Crack initiation sites 

of the fracture surfaces shown are marked by the white arrows in (a) and (e). None of the 

fracture surfaces examined indicated internal crack initiation. The findings deduced from 

fracture surface analysis clearly indicate that, although pronounced differences in cyclic 

deformation responses were reported for the conditions considered, damage evolution is well 

described by similar stages of crack advance.  

 



 

Figure 11: SEM micrographs of fracture surfaces after fatigue testing at a strain amplitude of 

Δεt/2= ± 0.6% for the Fe-29.8Mn-7.65Al-1.11C steel in (a-d) homogenized and (e-h) aged condition. 

The subimages (b-d) and (f-h) show magnified views of the marked white dashed rectangles in a) and 

d). Crack initiation sites are marked by the white arrows in (a) and (e). 

4. Conclusions 

  Microstructure evolution and mechanical behaviour of a Fe-29.8Mn-7.65Al-1.11C 

high-Mn light-weight steel under monotonic and particularly strain controlled cyclic loading in 

the low-cycle fatigue (LCF) regime at room temperature have been investigated. Thereby, two 



conditions, i.e., a homogenized austenitic and an aged, ϰ-carbide-containing condition were 

comprehensively studied. From the findings presented, the following conclusions can be drawn: 

 The cyclic deformation response of the homogenized condition (referred to as ϰ-carbide 

free) is characterized by initial cyclic softening followed by a stress plateau. Upon aging 

the deformation response is strongly affected.  

 For the lowest total strain amplitude considered fatigue properties of the aged condition 

are improved as a result of ϰ-carbide formation. With increasing strain, cyclic softening 

is observed for the aged condition resulting in inferior fatigue lifetime as compared to 

the homogenized specimen.  

 Cyclic softening of the aged condition at higher strain amplitudes is rationalized by the 

onset of plastic deformation as revealed by evaluation of the plastic strain amplitude. 

Shearing of ϰ-carbides and mechanical dissolution of the precipitates are promoted as 

evidenced by synchrotron diffraction measurements. 

 Similar damage evolution despite different cyclic deformation responses are revealed 

by fracture surface analysis. Irrespective of the strain level, fractography revealed 

pronounced ductility as well as fatigue crack initiation from the surface of the specimen.  

 Non-Masing behavior in case of the homogenized condition is replaced by almost 

perfect Masing behavior upon aging. This behavior seems to be contradictory to the 

evolution of plastic strain in the course of cycling. Obviously, interaction of several 

elementary mechanisms contributes to the final deformation response of the high-Mn 

light-weight steel under cyclic loading in the LCF regime.  

 In-depth analysis of the fatigue response based on the Coffin–Manson and Basquin 

equations reveals a change of mechanisms within the interval of strain amplitudes 

considered. This change of elementary mechanisms eventually contributing to damage 

initiation and failure is expected to be in line with the aforementioned contradictory 

behaviors revealed. Futures studies need to be conducted shedding light on the exact 

nature of the contributing elementary mechanisms and the complex interplay of these 

mechanisms. 
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